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ABSTRACT

A Ni,CoqFe1Vp5Mop, medium-entropy alloy (MEA) with a single-phase face-centered cubic (fcc) crystal
structure are casted. The as-cast MEA possesses remarkable work hardening ability, yield strength (oy), ul-
timate tensile strength (oyrs) and uniform elongation (o) at high temperatures up to 800 °C. Up-turn of
strain hardening rate after elasto-plastic transition (secondary strain hardening) is observed for the MEA
during tensile deformation in the temperature range of 25-800 °C. A high density of dislocation forests
with solute atmospheres in concentrated solid solution is considered sufficient for back stress strengthen-
ing, thus causing the up-turn of strain hardening rate. Post-mortem microstructural analysis reveals that
the temperature effects on mechanical properties of the MEA are closely related to dislocation structures,
dislocation densities and dynamic-strain aging (DSA). With increasing deformation temperature from 25
°C to 800 °C, the dislocation density undulates and the fraction of screw dislocations increases. Strong so-
lute pinning effect in conjunction with dominant forest strengthening mechanism (indicated by negative
strain rate sensitivity and large activation volume) boost the strain hardening rate at the temperatures
from 400 °C to 700 °C. At 800 °C, the dominant deformation mechanism changes from the forest disloca-
tion cutting mechanism to dislocation cross-slip with increasing strain, resulting in the sharp up-turn of
strain hardening rate. On the other hand, DSA poses plastic instability to deteriorate the strain hardening
of the MEA. These phenomena are considered to have material impacts on mechanical properties and
fracture mechanisms of MEAs and high-entropy alloys at high temperatures.

© 2021 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

1. Introduction

thalpic interactions inevitably alter the local chemical order (LCO)
in MEAs and HEAs, resulting in short range ordering (SRO) and/or

Seeking for materials with outstanding combinations of me-
chanical properties and a wide range of applications, has been
a long-lasting endeavor for the materials community. While al-
loys of dilute solid solutions are still being researched and devel-
oped, there is an ongoing rush worldwide in researching alloys of
concentrated solid solutions - medium-entropy alloys (MEAs) and
high-entropy alloys (HEAs) [1-5]. MEAs contain three or more prin-
cipal elements in near-equal atomic ratios [2], and their configura-
tional entropies are in the range between 1R and 1.5R (R = 8.314
J-mol~1.K-1). HEAs usually contain five or more principal ele-
ments in near-equal atomic ratios [6-8], and their configurational
entropies are larger than 1.5R [9]. Both MEAs and HEAs are concen-
trated crystalline solid solutions, in which atoms of various sizes
are homogeneously distributed in the ideal situation. However, en-
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incipient concentration waves [4,10,11]. In despite of the uncer-
tainty of LCO, mixture of atoms of various sizes poses frequent
short-range resistance to dislocation slip, thus to maximise the
solid solution strengthening effect in MEAs and HEAs [3,12-16].

To date, it has been widely proven that both MEAs and HEAs
possess outstanding low temperature mechcanical properties that
are comparable to the very best cryogenic steels [5]. However, our
understanding about the high temperature effect on the mechani-
cal properties of MEAs and HEAs are still limited. According to lit-
eratures, almost all the MEAs and HEAs tend to loss both strength
and ductility at elevated temperatures. In addtion, the majority of
the MEAs and HEAs cannot sustain high strength and ductility at
the temperature above 800 °C, including the prototypical CoCr-
FeNiMn HEA [17-20], the AlCuCrFeNiCo HEA with body centered-
cubic (bcc) [21] and the AlygCoy5CrgFe5NisgTig HEA [22]. In a gen-
eral sense, the unsatisfactory mehcanical properties of MEAs and
HEAs at elevated temperatures have so far been attributed to many
factors including lowered lattice friction, lowered solute pinning
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effect [23], lowered grain boundary (GB) strength, GB embrittle-
ment, lowered strain hardening rate, dynamic-strain aging (DSA)
induced stress instability and accelerated recovery/recrystallisation
[24]. However, in order to quantify the effects of the abovemen-
tioned factors on mechanical properties, the governing deforma-
tion mechanisms have to be known [25,26]. Notwithstanding, the
limited results are not yet enough to uncover the full protential of
MEAs and HEAs, this is also the reason why increasing attentions
are being paid to this research area.

In fact, all the factors affacting the high temperature mehcani-
cal properties of MEAs and HEAs have long been considered in
the developmemnt of conventional high-temperature alloys. Hence,
examining the materials strengthening strategies used in conven-
tional high-temperature materials can provide clue for strength-
ening MEAs and HEAs at high temperatures. Widely used con-
ventional high-temperature materials are nickel-based superal-
loys [27-29], single- and poly-crystalline TiAl intermetallic com-
pounds [30,31], heat-resistant steels [32,33] and oxide dispersion-
strengthened (ODS) steels [34,35]. Nickel-based superalloys gain
ultra-high strength from high densities nano-sized y’ precipitates
and carbides [28], but meanwhile they need to face the challenge
of limited ductility and embrittlement due to rapid coarsening of
the y’ precipitates beyond 650 °C [27]. For the popular TiAl inter-
metallic compounds, their high strength is attributed to the fine
dual-phase structure and the high content of B-stabilizing alloying
elements, such as Nb and Mo [30,31,36,37]. Heat-resistant steels
are the most widely used high-temperature materials for service
temperatures of 550-600 °C. The high temperature mechanical
properties of heat-resistant steels can be attributed to solid so-
lutes W and Mo, and precipitations with V, Ti and Nb. However,
the mechanical properties of heat-resistant steels deteriorate dras-
tically with increasing temperature above 600 °C [32-35], due to
precipiation of brittle carbides and/or phase transformation [38].
After examining these conventional high-temperature materials, it
is realized that stable secondary phases, thermally stable precipi-
tates and solutes of high melting points are key strategies for im-
proving the strength of high-temperature materials. Since forma-
tion of secondary phases and precipitates decreases the configura-
tional entropies, adding solutes of high melting points seems to be
the primary option for improving the high temperature strength of
MEAs and HEAs without lowering the entropies [39].

In this study, we prepared a non-equiatomic face-centered cu-
bic (fcc) NiyCoiFe Vgs5Mog, MEA with severe lattice distortion by
having Mo and V atoms. This MEA has been previously reported in
only a few literatures [39,40]. As mentioned earlier, both Mo and V
are common alloying elements for high-temperature materials, due
to their high melting points, solid solution strengthening effect and
phase stabilizing effect. The special multi-principal element design
grants the MEA outstanding combination of strength and ductility
at high temperatures up to 800 °C. Based on in-depth analysis of
microstructures and mechanical behaviors, the mechanical proper-
ties and deformation mechanisms of the MEA at elevated temper-
atures are uncovered to exhaustive details. The evolution of dislo-
cation density and variation of dislocation configuration with in-
creasing temperature are deemed to have governing effect on the
plastic flow of the Ni,Co;Fe{VosMog, MEA.

2. Experimental

High purity (>99.5%) Ni, Co, Fe and V, Mo powders were melted
in a boron nitride crucible by a medium frequency vacuum in-
duction furnace, to make the Ni,Co;Fe;Vy5Mog, MEA ingot. The
boron nitride crucible was heated at 600 °C for 1 hour to re-
move water vapor, before it was placed in the furnace. The furnace
chamber was evacuated to 10~2 Pa and backfilled with argon to
0.06 MPa before the melting process. The liquid alloy was held at

Acta Materialia 213 (2021) 116982

1550 °C for 15 min, and poured into a ZrO,-coated MgO crucible
which was preheated at 600 °C. An IRTM-2CK infrared pyrometer
was used to monitor the temperature with an absolute accuracy of
2 °C. The alloy was re-melted twice to ensure compositional ho-
mogeneity.

Dog-bone shaped tensile specimens with a gauge length of 16
mm and a diameter of 4 mm were cut from the ingot. The In-
stron 5982 tensile testing machine was used for tensile tests in
the temperature range between 25 °C and 1000 °C. For tensile tests
at elevated temperatures, the temperature was increased at a step
size of ~30 °C /min until the desired temperature was reached. The
samples were then held at the testing temperature for ~30 min be-
fore the start of the test. For quasi-static tensile tests, a constant
strain rate of 1x10~3 s=! was used. For strain rate jump tests, the
strain rate was changed between 10~2 s=1 and 10~ s~! in a binary
sense, during the continuously tensile loading.

Scanning electron microscopy (SEM), electron back-scattered
diffraction (EBSD), energy dispersive spectroscopy (EDS), X-ray
diffraction (XRD) and transmission electron microscopy (TEM)
techniques were used to analyze the microstructure and compo-
sition of the material. A high-resolution field emission Carl Zeiss-
Auriga-45 scanning electron microscope equipped with a fully au-
tomatic Oxford Instruments Aztec 2.0 EBSD system (Channel 5
software) was used for SEM and EBSD analysis. The EBSD spec-
imens were mechanically polished and subsequently electropol-
ished in an electrolyte containing 90 vol.% acetic acid and 10 vol.%
perchloric acid with 35 V applied voltage and ~45 s polishing pe-
riod in a Buehler ElectroMet-4 polisher. The same EBSD specimens
were also used for EDS and XRD analysis. TEM observations were
conducted in a FEI-Tecnai G2 20 S-TWIN microscope operating at
200 kV. The TEM specimens were prepared by the standard pro-
cedure [41]. A bulk sample was machined and ground into a thin
sheet of 50 um thickness. Thin disks with a diameter of 3 mm
were punched off the thin sheet. Each disk was electro-polished
in a twin jet electro-polishing system containing an aqueous elec-
trolyte of 10% perchloric acid, 20% glycerol and 70% methanol at
-20°C, until a central perforation was observed.

3. Results
3.1. Initial Microstructures and Mechanical Properties

The as-cast Ni,CoiFe;VysMog, MEA has coarse grains of the
sub-millimeter-scale, as shown in Fig. 1a. EDS maps (Fig. 1b) re-
veal that all the alloying elements (Ni, Co, Fe, V, Mo) are homoge-
nously distributed in the area of study (300 x 400 pm?), suggest-
ing a single-phase solid solution without apparent elemental seg-
regation or secondary phases. The XRD pattern (Fig. 1c) also re-
veals a single-phase fcc structure of the as-cast Ni;CoqFe;Vys5Mog 5
MEA.

Mechanical behaviors for the as-cast Ni,Co;Fe;Vy5Mog, MEA
within the wide temperature range of 25-1000 °C are illustrated
in Fig. 2. As shown in Fig. 2a, the engineering stress-strain curves
exhibit well-defined yield points at all testing temperatures. In the
temperature range of 25-800°C, the MEA shows substantial strain
hardening and excellent ductility. When the testing temperature is
above 800°C, the MEA exhibits strain softening and significantly
reduced ductility. It is worth noting that strong serrations present
on the stress-strain curves in the temperature range of 400-800°C.
The serration behavior will be addressed in detail in a later section.

Results of yield stress (oy), ultimate tensile strength (oyrs), uni-
form elongation (&) and elongation to failure (¢y) at different tem-
peratures are summarized in Fig. 2b. Both strength and elongation
of the MEA are strongly temperature-dependent. The yield strength
decreases gradually from 310.7 MPa to 191.5 MPa as the tempera-
ture increases from 25°C to 900°C. When the temperature is in-
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Fig. 1. Initial microstructures and compositional distributions of the as-cast Ni,Co;Fe;VosMog, MEA. (a) An EBSD crystal orientation map showing near millimeter-size
grains. (b) SEM-EDS maps showing homogeneous distributions of Ni, Co, Fe, V and Mo elements in the MEA. (c) The XRD pattern revealing the single-phase fcc structure of

the as-cast MEA.
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Fig. 2. Tensile properties of the Ni,Co;Fe;Vo5Mog, MEA: (a) Engineering stress-strain curves; (b) Yield stress, ultimate tensile strength, uniform elongation and elongation
to failure versus temperature; (c) Comparison of this work and other high-temperature alloys for tensile properties at 800°C; (d) True stress and strain hardening rate versus

true strain.

creased to 1000°C, the yield stress of the MEA drops dramatically
to 107 MPa, indicating a thermal softening effect. Similarly, the ul-
timate tensile strength also decreases with increasing temperature.
Eventually, the yield strength (red square) and the ultimate tensile
strength (red triangle) overlapped at 900°C and 1000°C, indicating
the lack of strain hardening capability at such high temperatures.
On the other hand, the uniform elongation shows a gentle decline
from 62% to 32% as the temperature increases from 25°C to 800°C.

At 900°C and 1000°C, the MEA samples show necking immediately
after yielding, leading to negligible uniform elongations. The elon-
gation to failure shows a gradual drop from 73% to 47% as the tem-
perature increases from 25°C to 1000°C.

Fig. 2c summarizes uniform elongation vs. yield strength of
the NiyCoqFe Vys5Mog,; MEA and typical high-temperature alloys
tested at 800°C. As shown in Fig. 2c, many of the data points
are located at the bottom left corner of the chart, this is be-
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Fig. 3. Enlarged segments of true stress-strain curves in Fig. 2d. (a) The flow behavior at 400 °C features both type-A and type-B serrations. (b) The flow behavior at 600 °C
features both type-B and type-C serrations. (c) The flow behavior at 700 °C features mainly type-B serrations and occasionally some type-C serrations. (d) The flow behavior

at 800 °C features type-B serrations only.

cause the majority of these high-temperature alloys experience se-
vere thermal softening and thus have low or even negligible strain
hardening capabilities at 800°C. These high-entropy alloys and
conventional high-temperature alloys (steels, Ni-based superalloy,
TiAl etc.) display a strength-ductility trade-off trend below the
dash line in Fig. 2c [17-22,27-29,31-34,42-44]. The presently stud-
ied MEA encouragingly breaks the usual strength-ductility para-
dox and show outstanding combination of uniform elongation and
yield strength at 800°C. Fig. 2d is the true stress-strain curves
and the corresponding strain hardening rate (®) curves for the
Ni,CoiFe Vg5Mog, MEA at various temperatures. The strain hard-
ening rate curve of the NiyCo Fe{VysMog, MEA displays a large
profile of up-turn in the strain range of ~0.1 to ~0.4, at the test
temperature of 25°C. The size of the up-turn profile decreases with
increasing temperature from 25°C to 700°C. Interestingly, the up-
turn profile shows much higher strain hardening rates at 800°C
than at 700°C. At 900°C and 1000°C, the material has lost strain
hardening capability. Thus, the true stress-strain curve intercept
with the strain hardening rate-true strain curve at low strain, when
the test temperature is at 900°C and higher, suggesting the early
onset of necking.

Fig. 3 shows enlarged segments of true stress-strain curves in
Fig. 2d to demonstrate the evolution of serrations with increasing
temperature. It is evident from Fig. 2a and Fig. 3 that serrated flow
is apparent in the temperature range of 400-800°C. The serrated
flow behaviors found by the high temperature tensile tests can be
categorized into three types. The type-A serrations show upward
spikes above the average serration amplitude, as shown in Fig. 3a.
The type-B serrations have uniform frequency and amplitude, as
shown in all four charts in Fig. 3. The type-C serrations feature
downward spikes (stress drops) as shown in both Fig. 3b and c.

The types of serrations are associated with deformation mecha-
nisms and solute drag effects. Thus, changing of serration types
with increasing temperature indicates the changes of deformation
mechanism and diffusion.

An important parameter used for evaluating the extent of strain
hardening is the strain hardening exponent n, which can be de-
duced by the Ludwick (ot = oy + Ke}) equation. The symbols o,
oy, K and ¢pdenote true stress, yield strength, strengthening coeffi-
cient and true strain, respectively. Fig. 4a-e display the experimen-
tal results and the true plastic strain curves simulated by the Lud-
wick equation at different temperatures. Close examination of the
experimental stress-strain curves reveals that the curves obtained
at 25°C, 400°C, 600°C, 700°C and 800°C concave down slightly
within the strain range between 0.05 and 0.4. The concaved stress-
strain curves are attributed to the up-turn of strain hardening rate.
Fig. 4f shows the variation of n with respect to temperature. The
strain hardening exponent is an indicator for the strain harden-
ing capability or formability of the material. Thus, Fig. 4f shows
that the strain hardening capability (strain hardening exponent)
of Ni,Co;Fe;VpsMog, MEA decreases slightly with increasing tem-
perature from 25°C to 600°C, and then drops sharply with increas-
ing temperature from 600°C to 700°C. It is worth to note that
the strain hardening exponent of the MEA decreased very slightly
from 0.92 to 0.90, when the temperature increased from 700°C to
800°C. There is no data point for 900°C and 1000°C tests, because
the sample materials have lost strain hardening capability at such
high temperatures. The variation of the strain hardening exponent
against temperature (Fig. 4f) is consistent with that of the strain
hardening rate (Fig. 2d).

As shown in Fig. 2a and d, the samples tested at 800 °C ex-
hibit higher strain hardening rates than those tested at 700 °C at
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Fig. 4. Experimental true stress versus true plastic strain curves of the Ni,Co;Fe;VosMog, MEA and simulated curves (by Ludwick equation) at different temperatures: the
test temperatures are at (a) 25°C, (b) 400°C, (c) 600°C, (d) 700°C and (e) 800°C. (f) Strain hardening exponent n versus temperature.

the low strain level. In order to understand this unexpected phe-
nomenon and the related strain hardening mechanisms, thermal
activation processes and strain rate sensitivities (SRSs) of the MEA
are investigated in detail by strain rate jump tests at the tempera-
ture range between 25 °C and 800 °C. As shown in Fig. 5a, at the
strain range of 5-25%, jump strain rates between 10~2 s=1 and 10~4
s~1 are used during tensile tests. The initial loading strain rate was
10-3 s-1. At ~5% elongation the strain rate was increased to 102
s~1 and sustained for further ~2% elongation. Then the strain rate
was decreased to 10~% s~! and sustained for further ~2% elonga-
tion. The strain rate is exchanged onward between 10~2 s~! and
10~* s~! until the total tensile elongation of 25%. At 25 °C, the
plastic flow is sensitive to strain rate in a way that increased strain
rate leads to increased stress (positive SRS), and stress serrations
are negligible. At the temperatures of 400°C, 600°C and 700°C,
negative SRS can be noticed, that the stress decreased moderately
upon the strain rate jump from 1074 s~! to 1072 s~!. Meanwhile,
the amplitude of serrations decreased with increasing strain rate.
Another distinct plastic flow behavior occurred at 800°C under the
strain rate jump test. When the strain rate was increased to 10~2

s~1, the stress increased (positive SRS) and the amplitude of ser-
rations reduced to a negligible level. When the strain rate was de-
creased to 104 s~1, a sudden drop of stress occurred and then the
stress fetched up moderately while the strain rate was held at 104
s~1. As a result, strong fluctuations in stress were realized during
the strain rate jump test at 800°C.

Plastic flow of metallic materials is fundamentally affected by
thermally activated processes such as dislocation slip, deformation
twinning, stacking faults (SFs), solute drag and diffusion [45]. In
concentrated solid solutions such as HEAs and MEAs, discrete but
not far-spaced solute atoms pose strong lattice frictions to dislo-
cations and SFs, resulting in complicated plastic deformation pro-
cesses at atomic scale. Hence, it is a common practice to use the
generalized physical parameters, activation volume (AV*) and SRS
(m), to help exploring the underlying physics of the temperature
dependent mechanical behaviors of HEAs and MEAs. Note that the
activation volume is not a physical volume, it is better described
as the coefficient of isostatic stress in affecting the activated event
[46]. Based on the data collected from strain rate jump tests, an
activation volume AV* can be estimated by the equation [47,48]:
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Where kg is the Boltzmann constant, T is the absolute temper-
ature, o is the normal flow stress and € is normal strain rates. An
activation volume is usually given in a normalized form AV*/b3, in
units of b? (in the current case b=0.254 nm is the magnitude of
the Burgers vector for the Ni,Co;Fe;VysMog, MEA).

The SRS can be estimated by the equation [48]:

dlno

= (i)

Fig. 5b displays the activation volume versus engineering strain.
At 25 °C, AV* is comparatively low and steady within the range
of 69 b3 to 105 b3. At elevated temperatures of 400°C, 600°C and
700°C, AV* stays high within the range of 390 b3 to 2760 b3; As
the temperature increases, the fluctuation of AV* with increasing
strain amplifies. Increasingly, at 800°C the AV* is no longer steady,
but decreases from 5910 b3 to 162 b3 with increasing strain.

The trend of SRS versus engineering strain is opposite to that
of the activation volume versus engineering strain. As shown in
Fig. 5¢, at 25 °C, m is comparatively high and shows a moderate
decreasing trend with increasing strain. At elevated temperatures
of 400°C, 600°C and 700°C, m values are steady at the negative
regime, but the fluctuation of m values amplifies as the tempera-
ture increases. At 800°C, m increases and fluctuates with increas-
ing strain. At tensile strain larger than ~10, the SRS of the MEA is
found higher at 800 °C than at 25 °C.

AV* = /3kgT

(2)

3.2. Deformation and fracture mechanisms

Post-mortem TEM analysis was carried out to reveal the de-
formation mechanisms of the Ni;CoiFe;VysMog, MEA at differ-
ent temperatures. Fig. 6a shows a typical bright-field (BF) TEM mi-
crograph and the corresponding selected area electron diffraction

(SAED) pattern of the sample tensile deformed at 25°C. The in-
serted SAED pattern was recorded at the [110] zone axis, but the BF
TEM image was taken slightly off the zone axis in a two-beam con-
dition to enhance the contrast of dislocations. Apparently, disloca-
tion slip on {111} planes dominates the plastic deformation at 25°C.
The majority of the dislocations appeared as long and straight lines
parallel to (-111) and (1-11) slip planes, suggesting that planar slip
is mostly confined on close-packed planes. The density of disloca-
tions is as high as 22 x 10> m~2 in the tensile deformed MEA at
25°C. As the temperature increases to 400°C and 600°C, disloca-
tion interactions associated with cross-slip and climb become pro-
nounced, evidenced by a large amount of curved dislocation lines
that are unparallel to {111} planes (Fig. 6b). Interestingly, planar
dislocation arrays and SFs are also found frequently in samples de-
formed at 400°C and 600°C, as illustrated in Fig. 6¢. The coexis-
tence of confined dislocation slip and cross-slip are attributed to
interactions of high densities of dislocations [1] and Suzuki seg-
regation [45]. The dislocation densities of the samples deformed
at 400°C and 600°C are 15.7 x 103 m~2 and 18.6 x 1013 m~2, re-
spectively. As the temperature increases to 700°C, long and straight
dislocations, short and wavy dislocations (Fig. 6d), SFs (Fig. 6e) and
dipole loops (Fig. 6f) become the dominant deformation structures.
(The dipole character of the dislocation arrangement is revealed by
the operating diffraction vector g = (002), as shown in Fig. 6f.) The
dislocation density of the sample deformed at 700°C is approxi-
mately 20.1 x 1013 m~2.

When the temperature is increased to 800 °C which is above
0.6T;,;, the shear modulus is lowered and the enthalpy is signifi-
cantly increased [49]. As a result, the line tension of dislocations
[50] and the activation energy for cross-slip are significantly re-
duced [51], leading to long and curved dislocations as shown in
Fig. 7a and b. At such a high temperature, the free energy of mix-
ing, the diffusivity of solute atoms and the number of vacancies
is sufficiently high, resulting in homogenous distribution of so-
lute atoms, and reduced tendency for Suzuki segregation and SRO.
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Fig. 6. BF-TEM images showing dislocation structures at the gauge sections of post-
tensile test specimens. (a) Planar slip character verified by the intersecting trace
of edge-on (-111) and (1-11) slip planes, in the sample deformed at 25 °C; (b)-
(c) Typical dislocation structures and SFs (indicated by green arrows) in samples
deformed at 600 °C; (d)-(f) Typical microstructures in samples deformed at 700 °C;
Wavy dislocations are indicated by red triangles; Planar arrays of dislocations are
indicated by white triangles; Dislocation dipoles are indicated by red arrows.

Hence, SFs and planar arrays are no longer found in the deformed
sample. After tensile deformation, the density of dislocations is ap-
proximately 13.8 x 103 m~2,

At 900 °C which is about 0.7T;;, both dislocation cross-slip
mechanisms and diffusion-controlled recovery mechanisms dom-
inate the plastic deformation process under the effect of shear
stress and high temperature [51]. As a result, strong dynamic re-
covery occurred. Dislocations tangled and organized into low en-
ergy dislocation structures such as cell walls and sub-grain bound-
aries, as shown in Fig. 7c. Recrystallized grains with equiaxed
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Fig. 8. A chart showing the change in dislocation density with respect to deforma-
tion temperature for the tensile deformed Ni,Co;Fe;Vo5Mop,; MEA.

shape and sharp GBs are observed randomly, as shown in Fig. 7d,
suggesting the deformation temperature is high enough to cause
dynamic recrystallization. Thus, reasonably the flow stress is sig-
nificantly lowered and strain hardening effect is diminished, as
shown in Fig. 2a.

The dislocation densities were measured by a TEM method
[52] at the necking regions of the MEA samples deformed at dif-
ferent temperatures. Detailed description and justification of the
dislocation density measurement is provided in the supplemen-
tary material. As shown in Fig. 8, the total dislocation density is
the highest when the sample was deformed at 25 °C. When the
deformation temperature was increased to 400 °C, the dislocation
density was lowered compared to that at 25 C. Interestingly, as the
deformation temperature was increased further from 400 °C to 700
°C, the dislocation density also increased linearly. As the deforma-
tion temperature was increased to 800 °C which is above 0.6Tp,
the dislocation density inevitably decreased again due to strong re-
covery effect [51].

Edge and screw dislocations have different configurations [46],
slip mechanisms and recovery mechanisms [53], thus their contri-
butions to the flow stress and strain hardening are different es-
pecially for concentrated solid solutions. In order to explore the

. (T‘1 1)
Z.A=[110]

Fig. 7. BF-TEM images showing dislocation structures at the gauge sections of post-tensile test specimens. (a)-(b) A high density of dislocations observed in the sample
deformed at 800 °C; Wavy and curved dislocations are indicated by red triangles; Entangled dislocations are indicated by yellow triangles. (c) Dislocation cell structures and

(d) a recrystallized grain (RG) found in the sample deformed at 900 °C.
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flow behaviors of the MEA in-depth, the densities of screw disloca-
tions are measured and plotted separately on Fig. 8. Unfortunately,
it is difficult to distinguish between edge dislocations and mixed
dislocations by TEM. Nevertheless, distinguishing the density of
screw dislocations from total dislocation density can still provide
important information about the temperature effect on flow be-
haviors. The density of screw dislocations is ~7.17 x 103 m~2 at
25°C, and fluctuates moderately in the temperature range between
25 °C and 600 °C. When the test temperature is increased to
700 °C, the density of screw dislocations surprisingly increases to
~13.9 x 1013 m=2, As the temperature is increased further from
700 °C to 800 °C, the density of screw dislocations decreases to
~9.8 x 10® m~2, It can be noticed that at the temperature below
600 °C, the screw dislocations account for less than 42% of the
total number of dislocations, but when the temperature is above
700 °C, the fraction of screw dislocations increases to ~70%. Appar-
ently, screw dislocations are strongly promoted over edge disloca-
tions and mixed dislocations at high temperatures.

SRO is an important configurational feature that affects the de-
formation mechanisms of HEAs and MEAs. According to density
functional theory based numerical results, SRO atomic configura-
tion poses high energy barrier for dislocation slip. Thus, high shear
stress is required to drive the leading dislocation to overcome
the slip resistance. The leading dislocation can interrupt the SRO
atomic configuration on its slip path, thus reduce the energy bar-
rier for the dislocations gliding on the same path. Therefore, in the
materials with SRO, dislocations tend to arrange in planar arrays
that have often been found in HEAs and MEAs [11,20]. However, it
is still a world class conundrum to directly visualize SRO [4,10,11].
Therefore, an indirect approach is made to assess the SRO in the
samples deformed at different temperatures. Planar arrays (marked
by white triangles in Fig. 6) are recognized as the sign of SRO
[11,54]. After detailed TEM analysis on the samples deformed in
the temperature range between 25 °C and 1000 °C. It is concluded
that planar arrays are detectable in the samples deformed below
800 °C, as shown in Fig. 6 and Fig. S1a in the supplementary mate-
rial. In contrast, as shown in Fig. 7a-b and Fig. S1b, the line-shapes
and arrangement of dislocations in the Ni;CoqFe;Vy5Mog, MEA
deformed at 800 °C resembles dislocations in the plastically de-
formed pure Nickel (Fig. S1c). The major configurational difference
between the Ni,CoqFe;VysMog, MEA and pure Nickel is the pos-
sible presence of SRO. At low temperatures, enthalpic interactions
lead to SRO in concentrated solid solutions. When the temperature
is sufficiently high, the entropy predominates the free energy re-
duction in concentrated solid solutions, thus random solid solution
is preferred over SRO. Therefore, comparison of the dislocation ar-
rangements in the Ni,Co;Fe{Vy5Mog,; MEA and pure Nickel pro-
vides indirect evidence of SRO in Ni,Co;Fe;VosMog, MEA at low
to medium temperatures.

3.3. Fracture Morphologies

Fracture tip morphology was examined carefully by using SEM,
to reveal the fracture modes. As shown in Fig. 9, all four sam-
ples failed under the ductile fracture modes within the tempera-
ture range between 25 °C and 700 °C. Side views of the fracture
tips are shown in Fig. 9 a-1, b-1, c-1 and d-1. All four samples have
blade-like fracture tips. The shear fracture angle 6 (the angle be-
tween the fracture surface and tension axis) measured at the frac-
ture tips are between 46° and 57°. Many wavy cracks are seen on
the lateral surfaces of the tips. The cracks are thick on the sam-
ples fractured at 25 °C (Fig. 9 a-1) and 600 °C (Fig. 9 c-1), and
are very fine on the samples fractured at 400 °C (Fig. 9 b-1) and
700 °C (Fig. 9 d-1). Fig. 9 a-2, b-2, c-2 and d-2 show top views
of the fracture tips. Area reduction due to necking is clearly ob-
servable from all four samples. Fig. 9 a-3, b-3, ¢-3 and d-3 show
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detailed surface morphology of the fracture tips in top views. Plas-
tically formed dimples of various sizes are the major features on
the fracture tips. Sizes and distributions of the dimples for sam-
ples tested at 25-600°C are very similar as shown in Fig. 9 a-3,
b-3 and c-3. In contrast, the dimple sizes are larger in the sample
tested at 700°C, as shown in Fig. 9 d-3. In addition, cleavage planes
of various orientations are observed in Fig. 9 d-3, suggesting planar
cleavage occurred during fracture.

At 800 °C, the shear fracture angle is & = ~50°, and wavy
cracks are very fine on the lateral surface, as shown in Fig. 10 a-
1. This is similar to the fracture tips at lower temperature shown
in Fig. 9. However, Fig. 10 a-2 and a-3 show that there are nu-
merous fine spheres on the inner walls of the dimples. These fine
spheres formed during fracture, due to dynamic recrystallization
and partial melting of debris at the exposure of the fracture tip
[21]. The local strain at the fracture surface can reach several times
the global strain, meanwhile the Gibbs free energy at the fracture
surface is significantly higher than that inside the bulk sample.
TEM observations (Fig. 7a and b) did not detect recrystallization in
the post tensile samples, but fine spheres due to recrystallisation
and partial melting of the dimples are apparent on the fracture tip.
This result suggests that 800 °C is very close to the threshold tem-
perature for recrystallisation of the bulk Ni,Co;Fe;VysMog, MEA
under the quasi-static tensile deformation condition [21].

As shown in Fig. 10 b-1, the sample tested at 900 °C ex-
hibits cup-cone shape fracture tip with a shear fracture angle of
6 = ~90°. Wavy cracks on the lateral surface become very thick. As
shown in Fig. 10 b-2 and b-3, numerous globules are observed on
the fractured surface, indicating the occurrence of ductile fracture.
The sizes of the globules are in the range of 10 - 20 um at 900
°C. As shown in Fig. 10 c-1, the shear fracture angle of 6 = ~90°
obtained at 1000 °C is similar to that at 900 °C. However, wavy
cracks are hardly seen on the lateral surface of the tip. The trans-
verse area reduction is less discernible at 1000 °C than these at
lower temperatures, as shown in Fig. 10 c-2. The sizes of the glob-
ules are as large as 60 pm, as shown in Fig. 10 c-3. Cracks on glob-
ules were formed when the tip was cooled from a high tempera-
ture, due to local strain incompatibility induced by thermal con-
traction.

4. Discussion
4.1. Temperature dependence of mechanical properties

Overall, the as-cast Ni,Co;Fe;Vy5Mog, MEA possesses an out-
standing combination of strength and ductility at the test tem-
peratures up to 800 °C, as shown in Fig. 2. As the deformation
temperature increases from 25 °C to 1000 °C, both strength and
ductility of the MEA decrease as a general trend. This is consis-
tent with previously studied HEAs [55] and MEAs [25]. Loss of
strength at elevated temperatures for both HEAs and MEAs are
attributed to the combined effect of lowered lattice friction, low-
ered GB strength, lowered solute pinning effect [23]| and acceler-
ated recovery/recrystallisation [25]; Loss of ductility are attributed
to lowered strain hardening rate, GB embrittlement and DSA in-
duced stress instability [23,55]. While the temperature effect on
mechanical properties of concentrated solid solution is determined
by the many factors mentioned above, generalized parameters are
helpful for discriminating the factors and finding the key issues
that require attention.

Firstly, the variation of SRS with increasing temperature
grabbed our attention. According to Hart’s plastic instability cri-
terion [56], enhanced SRS under a given flow stress will restrain
strain localization, maintain uniform plastic deformation before
necking and prevent abrupt fracture after necking, resulting in
improved ductility. The SRS of pure fcc metals are insensitive to
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Fig. 9. SEM images showing the fracture tips of the post-tensile samples tested at (a) 25°C, (b) 400°C, (c) 600°C and (d) 700°C. Images in the first column are side views.
Images in the second column are top views. Images in the third column are top views at a high magnification.
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Fig. 10. SEM images showing fracture tips of the post-tensile samples tested at (a) 800°C, (b) 900°C and (c) 1000°C. Images in the first column are side views. Images in the
second column are top views. Images in the third column are top views at a high magnification.

temperature within the low to medium homologous temperature
range, due to negligible Peierls-Nabarro barriers; In contrast, for
concentrated solid solutions, the Peierls barrier height decreases
with increasing temperature due to LCO [4]| and thermally induced
increase of dislocation width, leading to reduced SRS [24]. In accor-
dance, the inverse proportion between SRS and temperature is also

observed for the Ni;Co;Fe{Vy5Mog, MEA deformed in the temper-
ature range between 25 °C and 700 °C, as revealed in Fig. 5c. How-
ever, the SRS not only decreased with increasing temperature, but
decreased into negative values in the temperature range between
400 °C and 700 °C. Moreover, at 800 °C, the SRS increased to the
positive regime and increases with increasing strain, as revealed in
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Fig. 5c. These two observations are attributed to DSA effects. DSA
of forest dislocations can decrease the SRS to the negative region.
In contrast, the solute drag effect acting on the unpinned mobile
dislocations adds a positive SRS [25,57,58].

DSA is usually revealed by serrations of plastic flow which
have been shown in Fig. 2a and Fig. 3. Three types of serrations
exchanged dominance with the increasing temperature from 400
°C to 800 °C. Type-A serrations are associated with the repeated
initiation and continuous propagation of macroscopic Portevin-
Le Chatelier (PLC) deformation bands along the specimen gauge
length [59]. Type-A serration occurs at comparatively low tempera-
ture at which dislocations are initially in the unlocked state within
the PLC band. During plastic deformation, solute atoms diffuse to
mobile dislocations arrested temporarily at obstacles such as forest
dislocations to sharply increase the load. The solute locking is tem-
porary, the sharp increase in local stress soon unlocks the mobile
dislocations from solute atmospheres, resulting in a subsequent
load drop. Hence the Type-A serrations feature upward spikes in
the stress-strain plot [60], as shown in Fig. 3a. Type-B serrations
are attributed to locking and unlocking of mobile dislocations in
the discontinuously propagating PLC bands. Therefore, type-B ser-
rations feature fine scale oscillations about the mean level of flow
stress and usually occur at intermediate temperature. Type-B ser-
rations are promoted by increased temperature or decreased strain
rate, and the serrations have a high frequency and low magnitude,
suggesting high diffusivity and fast diffusion of solute atoms to
mobile dislocations. Type-C serrations are attributed to unlocking
of temporarily arrested forest dislocations in solute atmospheres
and dissociation of full dislocations due to Suzuki segregation, and
are associated with discontinuous PLC band propagations. Thus,
type-C serrations feature downward spikes below the mean level
of flow stress in the true stress-true strain curves, as shown in
Fig. 3b and c.

By examining the plastic flow of the MEA within the temper-
ature range between 25 °C and 1000 °C (Fig. 2a), it can be con-
cluded that the presence of DSA has a dramatic impact on tensile
properties of the Ni,CoiFe;VosMog, MEA. At 25 °C, solute diffu-
sion rate is too low to activate DSA, therefore the solid solution
strengthening effect is very strong, benefiting the tensile proper-
ties, while other factors also contribute more or less in a positive
manner. The negative SRS, type-A and type-C serrations occurred
at 400 °C to 700 °C are attributed to DSA of forest dislocations
[25]. The positive SRS, increasing SRS with increasing strain and
sole type-B serrations at 800 °C are attributed to DSA of mobile
dislocations. Above 900 °C (significantly higher than 0.6Tm), the
solute atoms become sufficiently mobile to move with dislocations
resulting in ineffective or no locking of dislocations and thus disap-
pearance of serrations. Hence, the DSA effect on mechanical prop-
erties becomes negligible at such a high temperature.

Secondly, another generalized parameter, the activation volume
shows an inverse trend in comparison to the SRS-temperature de-
pendence. The magnitude of activation volume is also often used
to differentiate various deformation mechanisms [61]. According to
literatures [47,48,62], the activation volume at room temperature
for point defect migration is 0.02 b3-0.1 b3, for diffusional creep
is ~1 b3, for kink pairs on gliding screw dislocations in bcc met-
als is 1 b3-10 b3, for dislocation-twin interactions is 1-100 b3, for
dislocation cross-slip at obstacles is 50 b3- 300 b? and for forest
dislocation cutting is 1000 b? and higher.

For the Ni,CoqFe;Vg5Mog, MEA tensile deformed at 25 °C, the
activation volume is steady within the range of 69.3 b3 to 104.7
b3, as shown in Fig. 5b, suggesting frequent short-range solute pin-
ning [48] and cross-slip of dislocations due to combined effect of
massive dislocation pile-up [1] and LCO [4]. For the MEA deformed
in the temperature range between 400 °C and 700 °C, the activa-
tion volume fluctuates within the range between 380 b? and 2760
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b3, suggesting long-range bowing of the dislocation lines [48] and
the dominance of forest dislocation cutting mechanism. Thus, both
negative SRS and high activation volume support the dominance of
forest strengthening mechanism at the temperatures from 400 °C
to 700 °C. At 800 °C, the activation volume decreases with increas-
ing strain from 5910 b3 to 162 b3, suggesting increased tendency
for cross-slip of screw dislocations over the forest dislocation cut-
ting mechanism with increasing strain [62].

It is well known that the strain hardening capacity determines
the oyrs and ductility of metallic materials [63]. In despite of the
decreasing trends of strength and ductility with respect to the
increasing temperature, the NiyCoqFe;Vy5Mog; MEA still shows
excellent strength-ductility combination in the temperature range
between 25°C and 800°C, as shown Fig. 2. This is attributed to the
remarkable dislocation storage capacity and high strain hardening
rate of the MEA. The strain hardening exponent (n) of the MEA is
as high as ~1.15 at 25 °C, and moderately decreases with increasing
temperature to ~0.9 at 800 °C, as shown in Fig. 4f. A large n value
is the indicator for the large dislocation storage capacity, which
enhances ductility and delays the onset of necking. For pure fcc
metals, such as a coarse-grained Cu, its n value is only ~0.35 [64].
Even for a nano-twined Cu, in which an enormous amount of twin
boundaries (TBs) is available for dislocation storage, its n value is
only ~0.66 [65]. Apparently, the multi-principal element (concen-
trated solid solution) design of the Ni,Co;Fe;Vys5Mog, MEA signif-
icantly increased the dislocation storage capacity which is reflected
by the high n value above 0.9 [13].

As shown in Fig. 2d, all the MEA samples show up-turn of
strain hardening rates short after the elasto-plastic transition re-
gion, in the temperature range between 25°C and 800°C. This
phenomenon is remarkable, because conventional polycrystalline
metallic materials usually show monotonous decrease in strain
hardening rates (stage IIl strain hardening) after the elasto-plastic
transition region. To date only some particular metallic materi-
als have demonstrated the up-turn for strain hardening rates [66-
70]. The up-turn of strain hardening rate has been attributed to
the twinning-induced plasticity (TWIP) effect [66], transformation-
induced plasticity (TRIP) effect [68] and hetero-deformation in-
duced (HDI) hardening effect [71]. TWIP and TRIP effects instantly
generate additional boundaries for dislocation storage and signifi-
cantly reduce the effective grain size, resulting in up-turn of strain
hardening rate [66-68,72,73]. Previously reported HDI hardening
effect requires hetero-structure to exert strong back stress to stim-
ulate additional geometrically necessary dislocations (GNDs) for
secondary strain hardening (up-turn of strain hardening rate) [74].
However, the MEA studied here has neither TWIP/TRIP effect or
hetero-structure. Thus, there has to be another reason for the up-
turn of strain hardening rate. Like other obstacles a dislocation for-
est can also exert back stress to dislocations [25]. Although, the
dislocation forest is far less effective than GB and TB for blocking
dislocations, a high density of dislocation forests with solute atmo-
spheres in concentrated solid solution is considered sufficient for
back stress strengthening, thus causing the up-turn of strain hard-
ening rate. The negative SRS and the activation volume higher than
1000 b3 indicate the dominance of forest strengthening mechanism
at the temperatures from 400 °C to 700 °C [62,75]. In fact, forest
dislocations govern the strain hardening of the MEA throughout
the temperature range from 25 °C to 800 °C, proved by microstruc-
tural analysis in the following section. It is worth to note that dis-
location slip in HEA and MEA has to continuously overcome the
activation barriers created by SRO and/or incipient concentration
waves, and thus the dislocation motion is slowed down [1,4,5]. As
a result, the up-turn of strain hardening rate is not sharp but spans
in a large strain range as shown in Fig. 2d.

Strain hardening in single phase HEAs and MEAs are affected by
three correlated microstructural features - lattice distortion, LCO
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(such as SRO and/or incipient concentration waves) and disloca-
tion forest [4,76]. The degree of atomic size mismatch between
constituent elements directly influences lattice distortion, LCO and
the barrier strength of dislocation forest, thus in turn affects the
critical stress for dislocation slip and dislocation storage capacity
in the bulk material [1,4,20]. It requires sophisticated experiments
and simulations to unveil the effect of elemental composition on
atomic size mismatch, lattice distortion and LCO, which is beyond
the scope of this work. As an alternative, an experimental work
based on stress-strain response of bulk materials has been con-
ducted to show the influence of atomic size mismatch on the strain
hardening behavior. The five constituent elements in the pioneer-
ing NiCrMnFeCo Cantor alloy have similar atomic radius, and thus
the atomic size mismatch is small. The stress-strain response and
work hardening behavior of the Cantor alloy are taken as the ref-
erence, as shown in Fig. S2 in the supplementary material. Dislo-
cation slip in the Cantor alloy has to continuously overcome the
activation barriers created by lattice distortion, LCO and disloca-
tion forests [1,4,20]. As a result, the strain hardening rate levels
off after elasto-plastic transition for the Cantor alloy [55]. In con-
trast, Mo and V have much larger atomic radius than Fe, Co and
Ni, thus the addition of Mo and V can pose much larger atomic
size mismatch than that attained in the Cantor alloy. In turn, the
activation barriers created by lattice distortion, LCO and disloca-
tion forests for dislocation slip are expected to be higher in the
NiyCoiFe;Vg5Mog, MEA. As a result, there is an up-turn of strain
hardening rate for the Ni,Co;Fe;VysMog, MEA as shown in Fig. 2d
and Fig. S1. This result directly shows that increasing the atomic
size mismatch in HEAs and MEAs by adding elements of signifi-
cantly different atomic radii can substantially increase the strain
hardening capacity.

4.2. Temperature dependence of deformation mechanisms

After analyzing the generalized parameters m and AV*, it
is now clear that the evolution of forest dislocations during
plastic deformation governs the mechanical properties of the
Ni;CoqFe Vo 5Mog, MEA. However, dislocation forest can possess
different configurations and strength depends on the types of con-
stituent dislocations. As shown in Fig. 6a, planar dislocations, fea-
turing long and straight lines on {111} planes, formed mosaic pat-
terns. Curved and straight dislocations are tangled to form forest
structures. According to Fig. 8, the dislocation density is the high-
est and the fraction of pure screw dislocations is the lowest at
25 °C. Provided that an edge dislocation has a much larger strain
field than a screw dislocation with the same Burgers vector [77],
the dislocation forest formed at 25 °C is a much stronger obsta-
cle than that formed at higher temperatures. In addition, the so-
lute atoms are relatively immobile, and DSA is inactive. Hence, the
Ni,CoqFe{Vy5Mog, MEA has excellent mechanical properties at 25
°C, as shown in Fig. 2a.

When the deformation temperature is increased to the range
between 400 °C and 700 °C, the amounts of curved dislocations
increased as shown in Fig. 6b to f. Dislocations in planar array
and dipole configurations are formed due to SRO at elevated tem-
perature. Although the overall stacking fault energy of the bulk
alloy tends to increase with increasing temperature [78], SFs are
observed at elevated temperature. Both literatures and observed
Type-C serrations in Fig. 3b and c, support that the SFs are at-
tributed to Suzuki segregation [79]. Curved dislocations usually
possess screw components, and thus are likely to cross slip and
tangle with other dislocations to form dislocation forest. Disloca-
tion dipoles, planar arrays and SFs are low energy configurations
which tend to pile up at obstacles. Despite of different disloca-
tion configurations, the dislocation densities at 400 °C to 700 °C
are lower than that at 25 °C, the shear modulus is lowered due
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to increased temperature, and DSA is active to deteriorate homo-
geneous deformation. As the combined result, the strength, ductil-
ity and strain hardening rate at elevated temperatures are reduced,
as shown in Fig. 2a and b. It is worth to note that the up-turn
of strain hardening rate at 400 °C to 600 °C are similar, but de-
creased dramatically at 700 °C, as revealled in Fig. 2d. This is at-
tributed to the dramatic increase in the fraction of screw disloca-
tions when the temperature is increased from 600 °C to 700 °C, as
shown in Fig. 8. At elevated temperatures, the line tension of dis-
location decreases due to reduced shear modulus, thus the length
of dislocation increases [24]. For a long screw dislocation segment,
the effective energy barrier for cross-slip is lowered under shear
stress, according to a weak-link scaling relationship [80]. As a re-
sult, a screw dislocation in the fcc structure can easily cross slip to
an intercepting slip plane when it encounters an obstacle such as
a dislocation forest, at elevated temperatures. Pronounced disloca-
tion cross-slip reduces the number of dislocations in the piled-up,
and hence the long-range back stress is reduced. Moreover, cross-
slip of dislocations can lead to annihilation of screw dipoles, which
also reduces the local back stress. Therefore, increased fraction of
screw dislocations with strong propensity to cross slip significantly
reduced the strain hardening rate of the MEA at 700 °C, as shown
in Fig. 2d.

At 800 °C, long and curly dislocations dominate plastic defor-
mation as shown in Fig. 7a and b and Fig. 8. Surprisingly, the
NiyCoiFe Vg5Mog, MEA still shows strong up-turn of strain hard-
ening rate after the elasto-plastic transition, as shown in Fig. 2d. As
mentioned earlier, type-B serrations with high magnitude and fre-
quency dominate the plastic flow (Fig. 3d), and jump up in strain
rate instantaneously increases the flow stress (Fig. 5a), indicating
that solute pinning effect is still strong and mobile dislocation ag-
ing is in dominance. At such a high temperature, although a jump
up in strain rate could still accelerate the production of new for-
est dislocations, the average forest is younger and less-aged than
the majority of mobile dislocations. Therefore, forest aging mecha-
nism is retarded [25]. Meanwhile, the activation volume decreases
from 5910 b3 to 162 b3with increasing strain, indicating that the
deformation mechanism changes from forest cutting to cross-slip.
Fig. 7b clearly shows that long and curved dislocations are cut-
ting each other at multiple intersections [62]. According to above-
mentioned results, the stronger up-turn of strain hardening rate
for the MEA at 800 °C than that at 700 °C can be explained
as follows: (1) After elasto-plastic transition the plastic flow is
accommodated by a sharp increase in forest dislocation density
(AV*=5910 b3); The solute drag effect (type-B serrations, positive
m) posed on elongated dislocation lines enhanced the forest dis-
location strengthening effect, and thus led to the sharp up-turn of
strain hardening rate. (2) As the flow stress increases with increas-
ing strain, cross-slip of screw dislocations quickly takes dominance
(AV*=162 b3), leading to recovery/annihilation of dislocations and
thus earlier decline in strain hardening rate comparing to the MEA
deformed at lower temperatures (Fig. 2d).

4.3. Temperature dependence of fracture mechanisms

Within the temperature range of 25 °C to 1000 °C, the shear
fracture angles are in the range between 45° and 90°. According to
the Ellipse criterion proposed by Zhang et al., the ratio of the crit-
ical normal fracture stress oy to the shear fracture stress 7y of the
material shall satisfy the condition of 0 < 79/0( < +/2/2 [81]. Thus,
the tensile failure mode of the MEA matches the Mohr-Coulomb
criteria and von Mises criteria, suggesting that the failure mode is
governed by dislocation activities. This is also verified by the anal-
ysis of m, AV*, serrated flow and microstructures.

The fracture tip is the region of global strain localization, where
deformation structures associated with plastic instability are ap-
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parent [82]. Firstly, wavy cracks on the lateral surfaces are ob-
served. These cracks are associated with slip bands in which high
densities of dislocations glide at high velocities towards the sur-
face of the bulk material. Usually, slip bands create sharp steps on
the surface of a bulk material. However, wavy cracks are shown
in Fig. 9 a-1, b-1, c-1 and Fig. 10 b-1. Particularly, the cracks ap-
peared on the lateral surface of the fracture tip of the 900 °C sam-
ple are wide and jagged, resembles the crevices formed on a semi-
dried bread dough when it is pulled. This is because the enthalpy
of the MEA is very high at such a high temperature. Correspond-
ingly, the ductility of the MEA is governed by the strong mobil-
ity of atoms, dislocation forest and dynamic recovery. When mas-
sive dislocations reached the surface to form the macroscopic slip
bands, many micro-voids of various sizes also formed due to the
high strain carried by the entangled dislocations on the “mushy”
surface. As plastic deformation proceeds, micro-voids coalesced on
the surface to form the jagged cracks.

Secondly, top views of the fracture tips illustrated in Fig. 9 a-
3, b-3 and c-3, show micrometer size circular dimples, indicating
ductile fracture associated with dislocation cells at the tempera-
tures up to 600 °C. However, cleavage planes of various orienta-
tions are observed at 700 °C, shown in Fig. 9 d-3. As shown in
Fig. Ge, dislocation wall/forest are strongly confined on slip planes.
Meanwhile, pronounced forest aging causes significant solute seg-
regation to the slip planes, as indicated by the negative SRS. There-
fore, the slip planes containing high densities of forest dislocations
in the current case are embrittled by massive segregation, result-
ing in the micrometer sized cleavage planes [55] and apparently
dropped oyrs and ductility (Fig. 2b).

As shown in Fig. 10 a-3, b-3 and c-3, fine spheres formed on the
dimple surfaces at 800 °C, and globules formed instead of dimples
at 900 °C and 1000 °C. The images indicate that partial melting oc-
curred at the fracture tips when the test temperature is 800 °C and
higher. The thermal expansion is very large at 1000 °C, therefore
globules cracked after cooling due to thermal contraction (Fig. 10
c-3). Moderate melting of fracture debris (Fig. 10 a-3) and appar-
ent secondary strain hardening effect occurred at 800 °C, indicat-
ing that 800 °C which is above 0.6Tm of the Ni;CoqFe;V(sMog,
MEA is about the upper limit for strain hardening.

5. Conclusion

A NiyCoqFe Vos5Mog, MEA with the fcc crystal structure was
produced by medium frequency induction melting technique. The
influence of temperature on the tensile properties of the as-cast
NiCoqFe{Vg5Mog, MEA was studied in the temperature range of
25-1000 °C. Based on detailed experimental work and analysis,
several conclusions can be drawn as follows:

1) The multi-principal element design of the Ni,Co;Fe;Vys5Mog;
MEA grants the material with an ultra-high dislocation storage
capacity (n > 0.9) and a very strong solid solution strengthen-
ing effect. As a result, the as-cast MEA possesses an outstanding
combination of strength and ductility, and the secondary strain
hardening capability at the test temperatures up to 800 °C.

2) At 25 °C, the as-cast NiyCoqFe;Vy5Mog, MEA has a oyrs of 583
MPa and a ¢, of 58%. The outstanding strain hardening behavior
of the MEA is attributed to strong short-range solute pinning
effect, massive dislocation pile-up and absence of DSA.

3) At the temperatures between 400 °C and 700 °C, negative SRS,
type-A and type-C serrations are detected by the tensile tests.
Low energy configurations including dislocation dipoles, planar
arrays and SFs formed during plastic deformation. While the
low energy dislocation structures benefit the mechanical prop-
erties, DSA of forest dislocations deteriorate the ductility, re-
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sulting in a decreasing trend of both strength and ductility with
increasing temperature.

Even at 800 °C, the MEA still possesses an apparent secondary
strain hardening effect, and a high oyrs of 320 MPa, due to still
effective solid solution strengthening and forest strengthening
effects. The positive SRS, increasing SRS with increasing strain
and sole type-B serrations at 800 °C are attributed to DSA of
mobile dislocations. With increasing strain, the dominant de-
formation mechanism changes from forest dislocation cutting
mechanism to dislocation cross-slip, resulting in the sharp up-
turn of strain hardening rate.

At the temperature above 900 °C (significantly higher than
0.6Tm), the solute atoms become sufficiently mobile to move
with dislocations, resulting in ineffective or no locking of dislo-
cations and thus disappearance of serrations. Large thermal en-
ergy input accelerates recovery and recrystallisation, which off-
set the strain hardening effect, leading to strain softening right
after yielding.

]

9]
-

To sum up, the as cast Ni,Co;Fe;VysMog, MEA possesses out-
standing mechanical properties including strain hardening capac-
ity at room temperature and at high temperatures up to 800°C in
comparison with many other alloys. The experimental results in-
dicate that the addition of V and Mo is the key to improve the
mechanical properties of the alloy in the current case. The fun-
damental idea is that adding elements with significantly different
atomic sizes can alter the lattice distortion, LCO and dislocation
forests, thus to impede dislocation slip and increase dislocation
storage. Therefore, a high strain hardening capacity is attained by
the massive accumulation of dislocations, as long as the solute pin-
ning effect is still active, even at high temperatures. This discovery
provides guidance for designing single phase HEAs and MEAs with
outstanding strain hardening capacity and high temperature me-
chanical properties.
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