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A B S T R A C T

Rotary swaging at different temperatures has been conducted to process the AZ80 Mg alloy rods, and the results
are compared. Rotary swaging to an equivalent strain of 0.25 at room temperature, induced high densities of
deformation twins and macrocracks, causing catastrophic failure of the swaged rods. In contrast, repetitive
conduct of 260◦C-swaging and water cooling promotes <c + a> dislocation slip and localized grain refinement
via twinning and dynamic recrystallization, and thus to lower the number of large twin bands in coarse grains.
The sample processed by 260◦C-swaging and water cooling has a nano-structural hierarchy consisting of bimodal
grain size distributions and high densities of nano-precipitates located at grain boundaries of the ultrafine grains
and at coarse-grain interiors, and shows a gradient hardness distribution from the periphery to center of the rod;
Correspondingly, the 260 ◦C swaged sample shows outstanding combinations of strength and ductility at both the
peripheral and central regions.

1. Introduction

Magnesium alloys are considered as one of the most promising green
engineering materials in the new era, because of the excellent combination
of properties including low density, high specific strength, good damping
capacity and good electromagnetic shielding capability. Moreover, they
are recyclable and resource-abundant [1,2]. Therefore, researchers and
engineers are keen to expand the applications of Mg alloys in many fields
of industries, such as automobiles, high-speed railways, aerospace vehi-
cles, electronic communication, etc. However, compared with other
light-weight structural materials such as Al and Ti alloys, Mg alloys still
have shortcomings including low strength, fracture toughness [3],
ductility [4] and corrosion resistance [5]. Mg alloys have a hexagonal
close-packed (HCP) atomic structure with an insufficient number of
easy-slip systems. The critical resolved shear stress (CRSS) for basal slip is
low, but the CRSSs for non-basal slip systems, such as {10 1 0} prismatic
and {112 2} pyramidal slip systems (<c> and <c + a> slip), are much
higher [6]. Therefore, coarse grained Mg alloys tend to fracture at low
tensile stresses, rendering the low ductility and formability [7,8]. In this
context, enhancing the strength and ductility of Mg alloys is a key issue in
the industrial application.

Mg alloys can be strengthened via solid solution [9], precipitation
[10] and grain refinement [11]. Kula et al. [12] have done systematic
research work to reveal the importance of Gd and Y in Mg–Gd and Mg–Y
solid solutions for altering strain rate sensitivities and thus the ductility.
Fan et al. [13] showed that by controlling the contents of Er, Y and Zn in
cast Mg alloys, precipitation strengthening and<c+ a> dislocations can
be effectively stimulated for strength-ductility synergy. Xu et al. [14]
carried out high quality in-situ transmission electron microscopy (TEM)
analysis to capture the details of Orowan type dislocation-β’ phase in-
teractions in aged Mg–Gd alloys, revealing the underlying physics of
precipitation strengthening. Although, solid solution and precipitation
strengthening have been proven effective for making high strength Mg
alloys, their effectiveness are intrinsically limited by the solubilities of
alloying elements and brittleness of precipitates.

Grain refinement to the lower bound of the micrometer range is also
a promising approach that can simultaneously improve the strength and
ductility of Mg alloys. Liu et al. [15] processed a
Mg–10Gd–6Y–1.5Zn–0.5Zr alloy with an average grain size of ~1 μm
and excellent mechanical properties by the equal-channel angular
pressing (ECAP) method. Both Wei et al. [16] and Luo et al. [17] have
reported that <c + a> dislocations prevail over twinning and <a>
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dislocations in grains with the sizes smaller than ~5 μm; Therefore,
fine-grained Mg alloys usually show excellent strengths and ductility.
However, grain refinement to the ultrafine-grained regime or even
nanocrystalline regime, would face various challenges including dy-
namic recrystallization, high power consumption, and sample size lim-
itation [18–20]. Nevertheless, different from coarse grained Mg alloys,
homogeneous ultrafine grains (UFGs) and nanograins grants the Mg
alloys with ultrahigh strength at the expense of ductility [21].

Heterostructured materials which unites the high strength of nano-
structures and high ductility of coarse-grained structures, have recently
gained tremendous attentions from the materials science community
[22–24]. Zha et al. [25] made heterostructured WE43 alloy which is
constituted of bimodal grain size distributions. Fan et al. [26] produced
a heterostructured Ni42Fe30Cr12Mn8Al5Ti3 alloy that is constituted of
L12 nanoprecipitates hardened fine and ultrafine recrystallized grains,
showing ultrahigh strength of 1.8 GPa and a remarkable uniform elon-
gation of 18.2%. Nie et al. [27] produced a dual-heterostructured
aluminum matrix composite that demonstrating dual level
hetero-deformation induced (HDI) strengthening effect to improve the
strength-ductility synergy for the intrinsically brittle composite.

The above-mentioned results provide the guidance for microstruc-
tures and mechanical properties optimizations in Mg alloys. Neverthe-
less, the choice of appropriate materials processing techniques is
another equally vital issue. Recently, several bulk high-strength Mg al-
loys have been successfully fabricated by means of rotary swaging (RS)
at high strain rates and low deformation strains. For example, Wan et al.
[28] have produced a bulk nanocrystalline Mg–Gd–Y–Zr alloy with an
average grain size of ~80 nm and record-breaking high strength of 710
MPa by the RS method. Cui et al. [29] used the RS method to process the
heterostructured Mg–6Li–3Al–0.4Ce alloy with a high strength of 411
MPa, uniform elongation of 11 % and specific strength of 258
kN⋅m⋅kg− 1. RS is a mature industrial method with low cost and simple
setup, and it is capable of processing rod, tubes and bar of unlimited
lengths [30–32]. However, the complex three-dimensional stress/strain
states imposed by RS usually result in the formation of complex micro-
structures which in turn alter the mechanical properties of the processed
materials in wide ranges [33–35]. Although RS is proven a promising
method, there are only a few studies on the microstructure and me-
chanical properties of Mg alloys prepared by RS.

In this work, RS at room temperature and elevated temperature have
been done in seek of mechanical properties optimization in an AZ80 Mg
alloy. Knowing that the mechanical properties of metallic materials may
scatter in a wide range in accordance to the widely adjustable hetero-
structures [22,24,25], this work has relied upon the selection of heter-
ostructures to optimize the strength and ductility combination in the
AZ80 Mg alloy. We successfully prepared strong and ductile AZ80 Mg
alloy samples via a nano-structural hierarchy strategy, and revealed the
potential deformation mechanisms through multi-scale microstructure
characterization. This work provides insights for the fabrication of Mg
alloys with strength-ductility synergy by plastic deformation.

2. Experimental procedures

2.1. Sample preparation

An as-extruded AZ80Mg alloy rod with the initial diameter of 20 mm
was employed as the starting material. The chemical composition of the
as-received material is listed in Table 1.

Fig. 1a shows the principal setup of RS. The four dies were placed
around the rod. During RS, the dies revolve at a high angular speed, and

simultaneously impose high-frequency short-distance impacts along the
radial direction of the rod. The equivalent strain imposed by RS is ε =

ln (S0 /S1), where S0 and S1 are the initial and final cross-sectional
areas, respectively. It is noteworthy that the strain imposed by each
pass should be small, to avoid microscopic and macroscopic cracks
caused by stress concentration and non-uniform deformation. Two
different RS processing routes were used to alter the microstructure and
thus to improve the strength of the AZ80 alloy. In route one, an as-
received rod was subjected to multi-pass RS at room temperature to a
final diameter of ~17.7 mm. The resultant cross-sectional area reduc-
tion was 21.7%, and the total equivalent strain was ~0.25. The sample
processed by route one is termed the RT-0.25 sample. In route two, an
as-received rod was preheated at 260 ◦C for 10 min, then immediately
processed through RS and subsequent water-cooling. The preheating-
RS-cooling procedure was repeated several times to process the rod to
a diameter of ~14.1 mm. The cross-sectional area reduction by route
two was 50.3%, and the equivalent strain was ~0.70. The processed
sample is termed the 260◦C-0.70 sample. Fig. 1b shows the as-received
and RS processed samples. When the AZ80 Mg alloy rod was RS pro-
cessed to an equivalent strain of 0.25 at room temperature, the rod
cracked into several pieces. In contrast, the AZ80 Mg alloy rod can be
swaged at 260 ◦C to a strain of 0.7 without cracks.

2.2. Mechanical properties tests

As illustrated in Fig. 1c, the feeding direction for RS is parallel to the
axial direction (AD) of the rod. Hardness tests and microstructural
characterization have been done on planes perpendicular to AD and
radial direction (RD).

Samples were sliced from the rods and mechanically polished to
mirror finish prior to hardness tests. Vickers micro-hardness tests were
performed using an HMV-G 21 DT (Shimadzu, Japan) tester with a load
of 2.94 N and a dwell time of 15 s. Uniaxial tensile tests were performed
using a LFM 20 kN (walter + bai, Switzerland) tester with a constant
strain rate of 1 × 10− 3 s− 1 at room temperature. Flat dog-bone shaped
tensile specimens with a gauge length of 10 mm and a transverse section
of 1.5 × 2.5 mm2 were sectioned by wire electrical discharge machining
from the rods with the long gauge axis parallel to the AD.

2.3. Microstructural characterization

Microstructural analyses were performed by means of X-ray
diffraction (XRD), optical microscopy (OM), scanning electron micro-
scopy (SEM), electron backscatter diffraction (EBSD), TEM and high-
resolution transmission electron microscopy (HRTEM).

Samples for XRD, OM, SEM and EBSD analysis were prepared by
mechanical polishing to mirror finish. In order to reveal grain bound-
aries (GBs) under OM, the polished sample was etched in the solution of
4 ml nitric acid and 96 ml alcohol. Macroscopic phase identification by
XRD was performed using a Bruker-AXS D8 Advance X-ray diffractom-
eter with Cu-Kα radiation at 40 kV and 40 mA. Olympus BX41M mi-
croscope was used for OM imaging. SEM observations were carried out
on the FEI Quanta 250F microscope equipped with an Oxford energy
dispersive spectrometer (EDS). EBSD analysis was carried out on a Zeiss
Auriga field-emission SEM equipped with an Oxford EBSD detector.
Mechanically polished samples were electropolished in a commercial
polishing solution AC-2 at 20 V and − 30 ◦C for 150 s prior to EBSD
analysis.

TECNAI G2 20 LaB6 TEMwith an acceleration voltage of 200 kV was
used to obtain bright-field images and diffraction patterns. HRTEM was
performed on an FEI Titan G2 60-300 aberration-corrected TEM oper-
ating at 300 kV. TEM foils were sliced by wire electrical discharge
machining and mechanically polished to a final thickness of about 30
μm. Perforation of foils was done on a Gatan PIPS 691 ion milling ma-
chine with a low energy of 4 KeV and a low angle of 3◦.

Table 1
Chemical composition of the as-received AZ80 alloy.

Element Mg Al Zn Mn Si Fe

Weight percent Bal. 7.640 0.580 0.210 0.012 0.015
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3. Results

3.1. Mechanical properties

Fig. 2 shows the microhardness of as-received, RT-0.25 and 260◦C-
0.70 samples measured along radial directions of the rod on AD and RD
planes. The microhardness of as-received samples is low and uniformly
distributed throughout the entire sample. The microhardness of the RT-
0.25 and 260◦C-0.70 samples are similar, and show V-shape distribu-
tions with the hardness of ~95 HV at the center and gradually increases
to 110 HV at the periphery.

Dog-bone-shaped specimens were taken from the center and at the
radial distance of 5 mm from the center for tensile tests. The engineering
stress-strain curves are shown in Fig. 3a. Both the 260◦C-0.70-periphery
and 260◦C-0.70-center samples show excellent combinations of strength
and ductility. The 260◦C-0.70-center sample has a yield strength (YS),
ultimate tensile strength (UTS), uniform elongation (UL) and elongation
to failure (EL) of 363 MPa, 427 MPa, 7.0%, 8.6%, respectively. The
260◦C-0.70-periphery sample is even better, shows a YS, UTS, UL and EL
of 388 MPa, 471 MPa, 8.2% and 8.9%, respectively. Apparently, RS
processing at 260 ◦C has significantly improved the strength of the
materials without sacrificing much of the ductility. In contrast, the
samples processed by RS at room temperature has lost too much
ductility, e.g. both the RT-0.25-periphery and RT-0.25-center samples
have very low ductility below 2.5%. It is noteworthy that the YS of the
RT-0.25-periphery and RT-0.25-center samples are nearly identical to
the YS of 260◦C-0.70-periphery and 260◦C-0.70-center samples,

respectively. Table 2 summarizes mechanical properties of the AZ80
alloys for the reader’s convenience. Fig. 3b compares the UTS and
ductility of the 260◦C-0.70-periphery and 260◦C-0.70-center samples
with the data from literatures, indicating that RS processing at 260 ◦C is
capable of optimizing the mechanical properties of an AZ80 alloy.

3.2. Microstructure of the as-received AZ80 alloy

The as-received AZ80 alloy has equiaxed coarse-grains (CGs)
(Fig. 4a) with an average grain size of 24.2 μm (Fig. 4b). XRD pattern, in
Fig. 4c, shows that there are α-Mg and β-Mg17Al12 phases in the as-
received AZ80 alloy. Fig. 4d is a TEM image showing spherical nano-
precipitates randomly distributed within a grain. Fig. 5a–d shows
nearly identical equiaxed CGs viewed at periphery and center of the rod
on AD and RD planes, and thus confirm that the as-received AZ80 alloy
has homogeneous distribution of equiaxed CGs throughout the entire
sample. Precipitates agglomerate along GBs to form precipitate-
networks. Typical discontinuous precipitation of β-Mg17Al12 phase
occurred randomly as shown in Fig. 5d; The precipitate nucleated at the
GB and grew into the grain interior. There are also a few micro-size
polygonal particles observed in Fig. 5a. XRD mapping in Fig. 5e con-
firms that the micro-size polygonal particles are the Al8Mn5 interme-
tallic compound which is the minor impurity formed during casting [37,
44].

3.3. Microstructures of RS AZ80 alloys

While the RS samples show different mechanical properties at the
peripheral and central regions, as show in Figs. 2 and 3, the micro-
structures at the peripheral and central regions are analyzed in detail to
seek for the scientific explanation. As shown in Fig. 6, there is no sig-
nificant change to the shapes of the precipitate-networks in the RT-0.25
sample. However, it is noteworthy that the precipitate-networks
observed on the RD planes (Fig. 6b and d) are stretched a little more
in the AD direction (vertical direction) than that observed on the AD
planes (Fig. 6a and c). A chunk of Al8Mn5 intermetallic compound has
been broken into four pieces and ripped apart in the AD direction as
shown in Fig. 6b. Thus, the plastic flow in the AD direction seems
stronger than in the RD direction. Although, the equivalent strain was
only 0.25, there has already been some cavities or voids formed in the
RT-0.25 sample, as shown in Fig. 6c. Therefore, the AZ80 alloy has a
poor formability and plasticity under the room temperature RS pro-
cessing condition.

RS at elevated temperatures such as 260 ◦C can impose much higher
strain than room temperature RS without cracks. As shown in Fig. 7,
cavities or voids are hardly seen in the 260◦C-0.70 sample. At the

Fig. 1. (a) Schematic diagram of RS. (b) The rotary swaged alloys rods. (c) Sectioning of alloy rods for microstructural analysis.

Fig. 2. Vickers micro-hardness measured along the radial directions on AD and
RD planes of the AZ80 alloy rods.
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peripheral region on the AD plane, the precipitate-network is hardly
observable, instead, very fine precipitates are homogeneously distrib-
uted with a high density throughout the entire field of view, as shown in
Fig. 7a. As shown in Fig. 7b, for the same peripheral region but viewed
on the RD plane, the precipitate-networks are still observable, but
stretched severely in the AD direction; In addition, there are dense
dispersions of fine precipitates in many local areas. Precipitate-networks
are still seen in the central region when viewed on both AD and RD
planes, as shown in Fig. 7c and d, respectively. However, dense dis-
persions of fine precipitates in local areas are seen on both planes. Again,
the precipitate-network is stretched more on the RD plane than AD
plane. The reshaping of networks and redistribution of precipitates are

done by the strong plastic flow and dislocation activities. Similar strain
induced redistribution of precipitates is also observed in ECAP defor-
mation of AZ80 alloy by Tang et al. [44].

Discontinuous and continuous β-Mg17Al12 precipitates are seen in
the same region in the 260◦C-0.70 sample, as shown in Fig. 8a. The
thickness, length and lamellar spacing of the discontinuous precipitates
are ~125 nm, 0.73–4.90 μm, and~366 nm, respectively. In contrast, the
average size of continuous precipitates at GBs is ~165 nm only, while
the sizes of the continuous precipitates at grain interiors are even
smaller, as shown in Fig. 8b. Discontinuous and continuous precipitation
competes for nucleation and growth [51]. Apparently, continuous pre-
cipitation has inhibited discontinuous precipitation, therefore only a
small number of discontinuous precipitates are seen randomly at in-
terfaces where the stored energy is high due to accumulation of dislo-
cations [52].

The RT-0.25 sample preserved the shapes of the original CGs, but
inside the CGs there are many deformation twins as shown in Fig. 9a and
b. The density of deformation twins at the periphery is higher than at the
center. Moreover, the EBSD hit-rate at the periphery is significantly
lower than at the center, as shown in Fig. 9a and b, indicating that the
defect densities are higher at the periphery. Significant grain refinement
has been achieved at the periphery of the 260◦C-0.70 sample, resulting
in the bimodal grain size distribution, as shown in Fig. 9c. UFGs
agglomerate into “necklace” structures to subdivide the CGs. In contrast,
the microstructure at the center of the 260◦C-0.70 sample is like the
intermediate state between as-received sample and the periphery of the
260◦C-0.70 sample, as shown in Fig. 9d; The shapes of the original CGs
are still identifiable, but some thin deformation bands containing UFGs
have already formed inside the CGs.

As shown in Fig. 10a1 and a2, at the periphery of the RT-0.25 sample,
the fractions of low angle grain boundaries (LAGBs), 86.3◦ {10 1 2} twin
boundaries (TBs) and 38◦ {10 1 1}–{10 1 2} TBs are 74.8%, 8.21% and
0.78%, respectively. As shown in Fig. 10b1 and b2, at the center of the
RT-0.25 sample, the fractions of LAGBs, 86.3◦ {10 1 2} TBs, 38◦ {10 1
1}–{10 1 2} TBs and 56.2◦ {10 1 1} TBs are 73.9%, 2.22%, 3.63% and
1.28%, respectively. The very high fractions of LAGBs and the peaks for
TB fractions in Fig. 10a2 and b2, indicate that both dislocations and
twins are the major carriers for plastic strain. In contrast, the fractions of
LAGBs at the periphery and center of the 260◦C-0.70 sample have
decreased to 62.9% and 71.4%, respectively, as shown in Fig. 10c2 and
d2. Although the statistical data in Fig. 10c2 and d2 show that the
fractions of 86.3◦ {10 1 2} TBs are still above 6%, long and straight
coherent TBs are hardly seen in the EBSD maps shown in Fig. 10c1 and
d1. Therefore, the TBs are in fact fragments of TBs that form as a part of
the dynamic recrystallization (DRX) process [53]. In addition, the peaks
at 30◦ in the misorientation distribution histograms in Fig. 10c2 and d2
are also the evidence for DRX. The 30◦ [0001] GBs have lower interfacial
energies and higher mobility than other GBs, thus they are more likely to
become the growth sites for the DRX [54].

Fig. 3. Tensile properties of the AZ80 alloy specimens: (a) Engineering stress-strain curves; (b) Comparison for tensile properties of AZ80 alloys [36–50].

Table 2
Mechanical properties of the AZ80 alloy processed under different conditions.

Sample YS, MPa UTS, MPa UL, % EL, %

As-received-periphery 217 361 18.2 19.7
As-received-center 213 355 18.6 19.6
RT-0.25-periphery 383 440 1.6 1.6
RT-0.25-center 359 407 2.2 2.5
260◦C-0.70-periphery 388 471 8.2 8.9
260◦C-0.70-center 363 427 7.0 8.6

Fig. 4. Microstructure and phase contents in the as-received AZ80 alloy rod: (a)
An optical micrograph showing grains on the AD plane; (b) A histogram of grain
size distribution; (c) The XRD pattern; (d) A bright-field TEM image showing
microstructures viewed on the AD plane.
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The EBSD hit-rates were low in Figs. 9 and 10, due to the presence of
high densities of defects. In order to resolve the defects in the RS AZ80
Mg alloy rods, detailed TEM analysis has been carried out. As shown in
Fig. 11a, there are very high densities of deformation twins in the pe-
riphery of the RT-0.25 sample. Based on the difference in contrast, the
original CGs can be identified, although the GBs delineated by red
dashed-lines were faintly visible due to the strong plastic strain in the
local area. HRTEM at the [1 2 10] zone axis confirms that the majority of
the twin bands are 86.3◦ {10 1 2} tension twins as shown in Fig. 11b.
However, a significant number of the 86.3◦ {10 1 2} tension twins have

deviated away from the original 86.3◦ misorientation. As shown in
Fig. 11b, there is a high density of stacking faults (SFs) parallel to the
basal planes. As shown in Fig. 11c, the twin boundary has lost the co-
herency and created a misorientation angle of 89.4◦. Apparently, the
86.3◦ {10 1 2} twinning has re-oriented the twinned area to favor basal
slip [53], and the pronounced basal slip inclined to the coherent {10 1 2}
TB has destroyed the coherency. Thus, the actual twin densities and
dislocation densities in the periphery of the RT-0.25 sample is much
higher than that shown in the EBSD maps in Figs. 9a and 10a1.

The twin density at the center of the RT-0.25 sample is much lower

Fig. 5. SEM images of the as-received sample: The peripheral region observed on (a) AD and (b) RD planes; The central region observed on (c) AD and (d) RD planes;
The inset in (d) is a high-magnification image of typical β-Mg17Al12 phase formed by discontinuous precipitation. (e) EDS maps showing elemental distributions and
Al8Mn5 particles in the area enclosed by a red square in (a).

Fig. 6. SEM images of the RT-0.25 sample: The peripheral region observed from (a) AD and (b) RD planes; The central region observed from (c) AD and (d) RD
planes; The inset in (c) is high-magnification image showing cavity and β-Mg17Al12 precipitates.
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than the periphery, as shown in Fig. 12. Both thick twin bands and
dislocation walls are seen inside the CGs. Therefore, the EBSD map
shown in Fig. 9b is comparable to the TEM image in Fig. 12. In addition,
the hardness at the center is significantly lower than at the periphery, as
shown in Fig. 2. All these results proves that there is a strain gradient
from the periphery to the center, and the actual strain at the center is
much lower than the periphery.

As shown in Fig. 13a, the peripheral region of the 260◦C-0.70 sample
possesses a hierarchical microstructure. The shapes and sizes of the
grains vary significantly in the local area. There are equiaxed UFGs
formed by recrystallization. There are elongated grains with straight GBs
inherited from deformation twins. There are remaining CGs containing
high densities of nano-precipitates. Fig. 13b shows the microstructure of
the central region of the 260◦C-0.70 sample. Similar to the peripheral
region, there is also a mixture of equiaxed UFGs, elongated grains, CGs
and nano-precipitates. However, some of the elongated grains have
wavy GBs, because DRX occurred at these GBs.

Fig. 9c shows that the peripheral region of the 260◦C-0.70 sample
has the highest density of UFGs. Fig. 14a reveals the details of the UFGs.
The majority of the UFGs has sizes smaller than 200 nm, as indicated by
the red arrows in Fig. 14a. The β-Mg17Al12 nano-precipitates marked by
blue arrows are located at boundaries of UFGs. Fig. 14b is a high
magnification image showing series of nano-precipitates formed along

Fig. 7. SEM images of the 260◦C-0.70 sample: The peripheral region observed from (a) AD and (b) RD planes; The central region observed from (c) AD and (d)
RD planes.

Fig. 8. SEM images showing (a) discontinuous β-Mg17Al12 precipitates and (b) continuous β-Mg17Al12 precipitates in the 260◦C-0.70 sample viewed from the
AD plane.

Fig. 9. Inverse pole figure EBSD maps viewed on RD planes of the RS AZ80 Mg
alloy rods: The (a) peripheral and (b) central regions of the RT-0.25 sample; The
(c) peripheral and (d) central regions of the 260◦C-0.70 sample.
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GBs. The area enclosed by a yellow ellipse has a fragment of the GB
pinned by two nano-precipitates. Knowing that DRX occurred in the
twin bands during plastic deformation [53], precipitations perhaps
occurred simultaneously to compete for heterogeneous nucleation sites
such as dislocation boundaries and TBs. High densities of
nano-precipitates are effective in inhibiting grain growth by pinning GBs

and thus suppressing GBmigration [55]. Hence a stable mixture of UFGs
and nano-precipitates formed in the 260◦C-0.70 sample as shown in
Figs. 9c and 14a.

Fig. 14c and d shows high densities of β-Mg17Al12 nano-precipitates
at the CG interiors in peripheral and central regions of the 260◦C-0.70
sample, respectively. The nano-precipitates shown in Fig. 14d all have
the shapes of short rods. In contrast, the nano-precipitates shown in
Fig. 14c are more spherical. In other words, the nano-precipitates
formed in the peripheral region have smaller aspect ratios than those
formed in the central region.

A grain at the periphery of the 260◦C-0.70 sample was orientated to
different two-beam conditions for identification of dislocations. Basal
<a> dislocations (marked by green arrows) and pyramidal <c + a>
dislocations (marked by red arrows) are visible in Fig. 15a. Non-basal
<c> dislocations (marked by yellow arrows) and pyramidal <c + a>
dislocations are visible in Fig. 15b. There are some I1 SFs connected to
<c> dislocations, suggesting that decomposition of the pyramidal <c +
a> dislocations has occurred [16].

Fig. 16 presents the XRD patterns of the as-received, RT-0.25 and
260◦C-0.70 samples. There are more diffraction peaks of the β-Mg17Al12

Fig. 10. EBSD maps showing boundaries of different misorientations on the RD planes: Boundaries observed at (a1) the peripheral and (b1) central regions of the RT-
0.25 sample, and (a2 and b2) the corresponding statistical distributions of boundary misorientations; Boundaries observed at (c1) the peripheral and (d1) central
regions of the 260◦C-0.70 sample, and (c2 and d2) the corresponding statistical distributions of boundary misorientations.

Fig. 11. TEM images showing microstructures at the peripheral region of the
RT-0.25 sample: (a) A low magnification bright-field TEM image showing a
complex microstructure (the red dashed-lines delineate the GBs inherited from
the original CGs); (b) A TEM image showing the {10 1 2} twin and an inset of
selected area diffraction pattern; (c) A HRTEM image taken at the [12 10] zone
axis to show a {101 2} twin boundary.

Fig. 12. A bright-field TEM image taken from the central region of the RT-0.25
sample. The red dashed-line delineates the GBs inherited from the original CGs.
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phase in the 260◦C-0.70 sample than in the as-received and RT-0.25
samples, suggesting that the RS process at 260 ◦C has caused pro-
nounced precipitation in different orientations. The three samples show
different relative peak intensities, suggesting that texture evolutions
occurred as a result of RS. This result indicates that high-temperature
plastic deformation has driven significant numbers of Al atoms out of
the Mg grains for precipitations or segregation to GBs [55,56].

3.4. Fracture of RS AZ80 alloys

Tensile specimens were taken from the peripheral and central re-
gions of the RT-0.25 and 260◦C-0.70 samples. As shown in Fig. 17, the
fracture surfaces observed from the peripheral and central regions of the
RT-0.25 sample are alike, presenting features of brittle failure: (a)
cleavage facets and steps are all over the fracture surfaces; (b) some
shallow dimples are found beneath edges of steps. The cavity seen at the
GB in Fig. 6c and the many large cleavage facets in Fig. 17, suggest that
intergranular fractures at GBs and TBs are the major cause of failure.

Both deep dimples (Fig. 18a) and cleavage facets (Fig. 18b) are
pronounced on the fracture surface of the 260◦C-0.70 sample. In addi-
tion, there are high densities of small dimples on the cleavage facets, as
shown in Fig. 18b. The mixture of dimples and cleavage facets is
attributed to the ductile failure of the bimodal grain structure in the
260◦C-0.70 sample. In contrast, tensile specimen taken from the central
region of the 260◦C-0.70 sample show shallow dimples (Fig. 18c) and
large flat areas (Fig. 18d). It is apparent that ductile fracture of CGs is the
major failure mechanism at the central region of the 260◦C-0.70 sample.

4. Discussions

4.1. Strength calculation

As shown in Fig. 3, both the periphery and center of the 260◦C-0.70
sample show excellent combinations of strength and ductility. This has
been attributed to the nano-structural hierarchy processed by warm RS.
According to Fig. 9c and d, Fig. 13, Figs. 14 and 15, the nano-structural
hierarchy consists of bimodal grain size, nano-precipitates (dispersed in
grain interiors and GBs) and dislocation structures. Thus, the YS (σy) can
be estimated by summation of strength increments from GB-
strengthening (σGB), precipitation strengthening (σOrowan) and disloca-
tion strengthening (σdis) as [57,58]:

σy = σGB + σOrowan + σdis (1)

The GB-strengthening increment is usually calculated by the
empirical Hall-Petch equation [59]:

σGB = σ0 + kd− 1/2 (2)

where σ0 is the intrinsic lattice friction stress and k is the Hall-Petch
constant; Both of the parameters are texture and grain size dependent
in HCP structures [59,60]; d is the average grain size. Statistical analysis
based on EBSD and TEM data gives that the average UFG size and CG
size at the periphery of 260◦C-0.70 sample are 194 nm and 10 μm,
respectively; The average UFG size and CG size at the center of
260◦C-0.70 sample are 295 nm and 11 μm, respectively. According to
literatures [28,59], the fine grains (<2 μm) formed under severe plastic
deformation usually possess a strong basal texture, therefore σ0=21MPa
and k=92 MPa⋅μm1/2 are adopted from a fine-grained Mg alloy with
similar compositions and texture. The CGs have a comparatively weak
texture, therefore σ0=124 MPa and k=205 MPa⋅μm1/2 are adopted due
to strong influence of non-basal slip [59,61]. The rule of mixture [61] is
used to deduce the overall GB-strengthening increment as:

σm− GB = σUFG × VUFG + σCG × VCG (3)

where σUFG and σCG are strength increments contributed by UFGs and
CGs, respectively; VUFG and VCG are volume fractions of UFGs and CGs,
respectively. The volume fractions of UFGs and CGs are deduced from
the EBSD data. The VUFG and VCG at the periphery are 17% and 83%,
respectively. The VUFG and VCG at the center are 5% and 95%, respec-
tively. Hence the overall GB-strengthening increments for the peripheral
and central regions of the 260◦C-0.70 sample are estimated to be 195.3
MPa and 186 MPa, respectively.

The precipitation strengthening increments are mainly attributed to
the nano-precipitates dispersed at grain interiors. Therefore, the Orowan

Fig. 13. Bright-field TEM images taken from the (a) peripheral and (b) central
regions of the 260◦C-0.70 sample. The red dashed-lines mark GBs.

Fig. 14. (a and b) Bright-field TEM images showing UFGs and precipitates in
the peripheral region of the 260◦C-0.70 sample (recrystallized UFGs and
β-Mg17Al12 precipitates are marked by red and blue arrows, respectively).
Bright-field TEM images showing β-Mg17Al12 nano-precipitates at the (c) pe-
ripheral and (d) central region of the 260◦C-0.70 sample.
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equation is adopted for the calculation [62]:

σOrowan =
MGb

2π(1 − ν)
1
2

(
1
λ

)

ln
(
D
r0

)

(4)

where M is the Taylor factor, which is estimated from the EBSD data as
2.5; G=1.66×104 MPa is the shear modulus, b=0.32 nm is the Burgers
vector for basal slip, ν=0.3 is Poisson’s ratio, D is the mean particle
diameter, λ is the effective inter-particle spacing, r0 is the dislocation
core radius which is considered equal to b. The D and λ values are sta-
tistically measured from TEM images. The D and λ values measured at
the peripheral region of the 260◦C-0.70 sample are ~45 nm and ~115
nm, respectively; The D and λ values at the central region are ~28 nm
and ~101 nm, respectively. Hence, the precipitation strengthening in-
crements for the peripheral and central regions of the 260◦C-0.70
sample are 107.5 MPa and 110.6 MPa, respectively.

The dislocation strengthening increments can be calculated by the
Bailey–Hirsch equation [63]:

σdis =MαGb ̅̅̅ρ√ (5)

where α=0.2 is a temperature dependent constant; ρ is the total dislo-
cation density which consists of statistical and geometrically necessary
dislocations (GNDs). In severely deformed metals, the number fraction
of statistical dislocations is usually very low [22], therefore in the cur-
rent case the density of GNDs, ρGNDs, is considered a rough estimation of
the total dislocation density. EBSD data was used for calculating dislo-
cation densities by:

ρGNDs =
2θKAM
xb

≈ ρ (6)

where θKAM is the kernel average misorientation, x is unit length; Both
parameters can be deduced from EBSD data. Hence, the dislocation
strengthening increments at the peripheral and central regions of the
260◦C-0.70 sample are ~54.2 MPa and ~48.9 MPa.

The calculated YS for the peripheral and central regions of the 260◦C-
0.70 sample are ~357 MPa and ~345.5 MPa, respectively, which are
slightly smaller than the tensile test results (388 MPa and 363 MPa). All
abovementioned results are collected in Table 3. The discrepancies be-
tween experimental test and empirical calculation are mainly attributed
to the uncertainties for the parameters used. However, the calculated
strength increments do give us some useful hints for explaining the
strengthening mechanisms.

Fig. 15. TEM images in two-beam conditions showing dislocations in the peripheral region of the 260◦C-0.70 sample: (a) g = 2 11 0 and (b) g = 0002. The white
straight line is parallel to the (0001) basal plane. SFs, <a>, <c> and <c + a> dislocations are marked by orange, green, yellow and red arrows respectively.

Fig. 16. The XRD patterns of the as-received, RT-0.25 and 260◦C-0.70 samples.

Fig. 17. SEM images showing the fracture surfaces of the (a) peripheral and (b)
central regions of the RT-0.25 sample.

Fig. 18. SEM images showing the fracture surfaces of the (a and b) peripheral
and (c and d) central regions of the 260◦C-0.70 sample.
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4.2. Strengthening mechanisms

According to Table 3 and the microstructural characterization re-
sults, the peripheral region possesses smaller average grain sizes, higher
dislocation densities and larger inter-particle spacing than the central
region. Therefore, the peripheral region shows higher GB-strengthening
and dislocation strengthening increments, but lower precipitation
strengthening increments than the central region. GBs and dislocations
are fast paths for diffusion and preferred sites for heterogeneous pre-
cipitation [64,65]. The peripheral region with more UFGs and a higher
dislocation density than the central region, tend to have a lower density
of nano-precipitates due accelerated coarsening of precipitates. The
260◦C-0.70 sample has been processed at elevated temperature; there-
fore, the dislocation densities are comparatively low throughout the
entire sample, thus dislocations strengthening effect is moderate and
similar at both peripheral and central regions. Therefore, the main dif-
ference in strengthening effect comes from the GB-strengthening
increments.

It is widely known that grain refinement in the micrometer range can
simultaneously improve strength and ductility for Mg alloys. For
example, Wei et al. [16] reported that when the average grain size of a
pure Mg decreased from 125 μm to 5.5 μm, its YS increased from 67.7
MPa to 93.8 MPa, and its UL increased from 5.3% to 18.3%. This is
because grain refinement to the lower bound of the micrometer range
can effectively activate non-basal <c + a> dislocation slip and suppress
deformation twinning [17]. However, when the grain size is reduced to
ultrafine and nanocrystalline regime, the ductility tends to decrease
while the strength still increases [28]. This is because UFGs and nano-
grains have insufficient space for dislocation propagation and in-
teractions, and thus the strain hardening capabilities of the ultrafine
grained materials decrease, resulting in lowered ductility [66].

In this work, the 260◦C-0.70 sample possesses bimodal grain size at
both peripheral and central regions, as shown in Fig. 9c and d, 13 and
14a. The UFGs provide high strength but lowered ductility. The CGs
with an average grain size of ~10 μm provide sufficient space for
dislocation accumulations and thus are the major contributor for
ductility. During tensile tests, the strong UFG region experiences higher
stress and lower strain, in contrast the ductile CG region experiences
lower stress and higher strain, thus creating the mechanical in-
compatibility [67,68]. The mechanical incompatibility in turn stimu-
lates HDI strengthening effect which in the current case is realized by
high densities of dislocations in CGs [68,69]. According to the EBSD
measurement and as shown in Fig. 9c, the peripheral region has 17 %
UFGs in volume fraction which is much higher than the central region.
However, the peripheral region has a UL of 8.2% which is even higher
than that of the central region. Provided that UFGs alone deteriorate
ductility [28], the unique combination of bimodal grain size distribution
and the corresponding HDI strengthening effect are the key for the
improved strength-ductility synergy.

4.3. Grain refinement mechanisms

Under RS deformation at room temperature, the dominant grain
refinement mechanism for the AZ80 Mg alloy rod is deformation twin-
ning as shown in Fig. 11. Deformation twinning can form high densities
of TBs to effectively subdivide the CGs as shown in Fig. 11a. Therefore,
the RT-0.25 sample is significantly strengthened as shown in Fig. 3a and

Table 2. However, the ductility of the RT-0.25 sample was also reduced
dramatically to be less than 2.5% elongation, as shown in Table 2. This is
because (1) the preferred basal <a> slip alone is unable to provide five
independent slip systems for uniform deformation [57], (2) deformation
twins with many variances are activated to accommodate the shear
strain in the c-axis direction, but in the meantime high stress concen-
trations are created at twin tips and twin-twin intersections to initiate
cracks [57,70–72], and (3) pronounced basal slip in the softly oriented
twins (Fig. 11b and c) can cause severe stress concentration and defor-
mation incompatibility at the coherent TBs to initiate cracks [73].

As the deformation temperature increases, the CRSS for non-basal<c
+ a> dislocation slip can be reduced [53,74], therefore pronounced <c
+ a> slip can compete with deformation twinning for strain accom-
modation, as shown in Fig. 15; Moreover, during high temperature
deformation, vigorous dislocation activities and double twinning tend to
be localized within the primary twins, leading to DRX [53,57], as shown
in Fig. 9c and d, Fig. 10c1-d1, and Fig. 13. In such way, deformation
twinning in whole CGs are suppressed, instead, localized grain refine-
ment via double twinning and DRX takes dominance [55,57,75,76],
resulting in the bimodal grain size distribution in the 260◦C-0.70 sam-
ple, as shown in Fig. 9c and d and Fig. 10c1-d1.

4.4. Nano-structural hierarchy

The pre-existing precipitates and the saturated solid solution in the
as-received AZ80 Mg alloy complicate the microstructural evolution,
and result in the nano-structural hierarchy. The precipitates are stable at
room temperature; therefore, the shapes and distributions of pre-
cipitates are almost identical in the as-received (Fig. 5) and RT-0.25
sample (Fig. 6), despite of the plastic strain of 0.25 and the pro-
nounced twinning and dislocation activities as shown in Figs. 11 and 12.
However, as the deformation temperature was risen to 260 ◦C, the sol-
ubility of Al in Mg was increased. Meanwhile, under the effect of stress
driven dislocation and twinning activities, the pre-existing precipitates
were fragmented and partially dissolved back into the Mg matrix via
pipe diffusion [77] and dislocation shearing mechanism [78]; During
the water-cooling process, Al atoms precipitate out again at defects such
as dislocations and GBs [55,79], resulting in the re-distribution of
β-Mg17Al12 precipitates as shown in Fig. 7. As shown in Fig. 14,
nano-precipitates formed in both UFG and CG regions. According to
literatures [80,81], precipitates can pose strong pinning effects against
dislocation slip and GB-migration, thus limiting grain growth during
DRX in the UFG region, thus stabilized the UFG structures, as shown in
Fig. 14a. In CGs, the shape and density of nano-precipitates are affected
by plastic strain and dislocation density. During RS, the impact strain
transmits from the periphery to the interior. Thus, the dislocation den-
sity at the periphery is higher than the center. During the repetitive
260◦C-swaging and cooling process, the dislocation lines serve as fast
diffusion paths for the solute atoms in the matrix to rapidly diffuse to the
pre-existing or early formed precipitates [25]; Small precipitates may
merge with the neighboring large precipitate, thus the large precipitates
can grow at the expense of the small precipitates; Severe local shear may
bring some well-separated precipitates closer and thus promote their
coalescence [82]. Via the abovementioned plastic strain assisted growth
and coalescence mechanisms, nano-precipitates in the metastable rod
shapes tend to disappear and the remaining precipitates can grow into
stable spherical shapes. Therefore, at the peripheral region, where the
plastic strain is higher, the β-Mg17Al12 precipitates are more spherical,
larger and located further apart (Figs. 13a and 14c), and in contrast, at
the central region, where the plastic strain is lower, the β-Mg17Al12
precipitates are mostly rod shapes, smaller and located closer (Fig. 14d).

In addition to the bimodal grain size distribution, high densities of
nano-precipitates formed at GBs of the UFGs and at CG interiors,
resulted in the nano-structural hierarchy as shown in Fig. 13a. As
mentioned earlier, the bimodal grain size distributions stimulate the HDI
strengthening effect [67,83]. Provided that the nano-precipitates in CGs

Table 3
Strength and strengthening increments for the 260◦C-0.70 sample. (The test YS
σy,test are obtained by tensile tests; The calculated YS σy,cal are estimated by
empirical equations. All the values are in MPa).

Sample σy,test σy,cal σm− GB σOrowan σdis

Peripheral region 388 357 195.3 107.5 54.2
Central region 363 345.5 186 110.6 48.9

Z. Li et al. Journal of Materials Research and Technology 34 (2025) 807–818 

816 



exert pinning effects to dislocations, as the GND densities increase under
the effect of back-stress [84,85], the CG regions can possess very high
strain hardening rate to help sustaining ductility [86]. The
nano-precipitates at GBs poses negligible dislocation pinning effect, but
they can help increase the stability and strength of GBs against dislo-
cation pile-up [87,88], and thus improve the overall GB-strengthening
effect. To sum up, the nano-structural hierarchy improves the
strength-ductility synergy by adjusting the HDI strengthening effect.
Thus, nano-structural hierarchy design is considered an economical
option for mechanical properties optimizations in supersaturated
light-weight alloys such as Mg alloys, Ti alloys and Al alloys [89].

5. Conclusions

In this work, RS at room temperature and elevated temperature have
been done to process the AZ80 Mg alloy with improved mechanical
properties. Based on extensive experimental work and theoretical
analysis, four conclusions can be drawn as follows.

1. Both RT-0.25 sample processed by room temperature RS and 260◦C-
0.70 sample processed by high temperature RS show gradient
hardness distributions from peripheries to the centers of the rods.
Despite of similar hardness distributions and yield strengths, the two
samples show completely different microstructures and ductility.

2. The microstructures and tensile properties at the peripheral and
central regions of the RT-0.25 sample were characterized separately.
The periphery of the sample has a very high density of deformation
twins in most of the grains and some cracked large precipitates,
resulting in high YS but negligible ductility. The center of the sample
has a twin density lower than that at the periphery and some cavities
at GBs and precipitates, resulting in slightly lower YS and higher
ductility than the periphery.

3. The microstructures and tensile properties at the peripheral and
central regions of the 260◦C-0.70 sample were also characterized
separately. For the peripheral region, the YS is 388 MPa which is
78.8% higher than the as-received sample; The UTS is 471 MPa,
which is 30.5% higher; The UL is 8.2%. For the central region, the YS,
UTS and UL are 363 MPa, 427 MPa, 7.0%, respectively. The
improved combinations of strength and ductility at both the pe-
ripheral and central regions of the 260◦C-0.70 sample are attributed
to the nano-structural hierarchy consists of bimodal grain size dis-
tributions and high densities of nano-precipitates located at GBs of
the UFGs and at CG interiors.

4. Repetitive conduct of 260◦C-swaging and water cooling can promote
<c + a> dislocation slip and localized grain refinement via twinning
and DRX, and thus to restrict the total area fraction of deformation
twins. This processing route can also change the precipitation ki-
netics under the effect of plastic strain, resulting in spherical nano-
precipitates of lower densities at the periphery and rod-like nano-
precipitates of higher densities at the center.
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