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a b s t r a c t 

High-performance copper alloys with enhanced strength, conductivity, and toughness are critical in in- 

dustrial applications, yet achieving this combination of properties in a bulk form remains challenging, 

as many strength-enhancing grain refinement methods are limited to small-scale production. This study 

investigates the development of Cu-Ni-Be alloys with high strength, high conductivity, and excellent duc- 

tility using rotary swaging (RS) as the primary processing method, followed by aging treatments. The RS 

process, known for its advantages in industrial-scale applications, enables the formation of fibrous, elon- 

gated grains with strong axial alignment, resulting in improved conductivity along the wire direction. 

Additionally, the triaxial compressive stresses inherent in RS promote effective dislocation accumulation, 

producing an alloy with a strength of 706 MPa, uniform elongation of 1.4 %, and conductivity of 35 % in- 

ternational annealed copper standard (IACS) in the as-swaged state. Optimized aging treatments further 

improve the comprehensive performance of the alloy, increasing its strength to 1064 MPa, uniform elon- 

gation to 10.4 %, and conductivity to 46 % IACS through the formation of dispersed nanoscale precipitates. 

These findings demonstrate that the Cu-Ni-Be alloy processed by RS and aging achieves a unique balance 

of tensile strength, ductility, and conductivity, making it highly suitable for industrial applications. This 

establishes RS as a viable approach for producing advanced Cu-Ni-Be alloys with tailored properties for 

the electrical and structural industries. 

© 2025 Published by Elsevier Ltd on behalf of The editorial office of Journal of Materials Science & 

Technology. 
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. Introduction 

High-strength, high-conductivity, and high-ductility copper al- 

oys are essential materials in various industrial applications, in- 

luding electrical power systems, aerospace, and automotive in- 

ustries [ 1 , 2 ]. These alloys offer a unique combination of mechan-

cal strength and electrical conductivity, making them ideal for 

omponents that require efficient electrical performance without 

ompromising structural integrity [ 3 ]. Traditional copper alloys of- 

en face a trade-off between strength and conductivity; enhancing 

ne property typically leads to the detriment of the other. There- 

ore, developing copper alloys that simultaneously achieve high 

trength, high conductivity, and excellent ductility remains a sig- 

ificant challenge in materials science. 

Copper-beryllium (Cu-Be) alloys have been widely studied due 

o their remarkable mechanical properties and good electrical con- 
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uctivity [ 4 , 5 ]. The addition of nickel (Ni) to Cu-Be alloys further

nhances their strength through solid-solution strengthening and 

recipitation hardening mechanisms. Precipitation of metastable 

hases such as γ ′′ and γ ′ during aging treatments contributes to 

ncreased hardness and strength while maintaining acceptable lev- 

ls of electrical conductivity [ 6 ]. 

However, the traditional two-step processing method of solu- 

ion treatment followed by aging (Route A) typically results in Cu- 

i-Be alloys with a yield strength not exceeding 600 MPa [ 7 ]. This

s due to the coarse grain microstructure induced by solution treat- 

ent at temperatures above 800 °C, which limits the contribu- 

ion of grain boundary (GB) strengthening to the material’s over- 

ll strength. The relatively low strength of the material can be 

mproved by incorporating plastic deformation into the process- 

ng route [ 8 ]. However, plastic deformation significantly reduces 

he ductility and electrical conductivity of metals and alloys, as 

he increased dislocation and GB densities result in a loss of work 

ardening ability [ 9 ] and enhanced electron scattering [ 10 ]. For in-

tance, after undergoing solution treatment, equal channel angular 

ressing, and aging (Route B), the CuCoNiBe alloy exhibits refined 
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Table 1 

Chemical composition of Cu-Ni-Be alloy (wt.%). 

Ni Be Al Fe Si Total others Cu 

1.606 0.508 0.007 0.022 0.009 < 0.038 Bal. 

1.4–2.2 0.2–0.6 < 0.2 < 0.1 < 0.2 – –
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quiaxed grains and a high density of low-angle grain boundaries 

LAGBs), resulting in a 270 MPa increase in yield strength com- 

ared to the coarse-grained material processed via Route A. How- 

ver, its uniform elongation and electrical conductivity are only 

2 % and 82 % of those achieved by Route A, respectively [ 8 ].

herefore, it is crucial to select appropriate plastic deformation 

ethods to strengthen the material while minimizing reductions 

n ductility and electrical conductivity, thereby enhancing the over- 

ll performance of the material and facilitating its industrial appli- 

ations. 

Directional design in materials processing has emerged as a 

romising approach to tailor the microstructure and properties of 

etallic alloys. By inducing specific textures and grain orienta- 

ions, it is possible to optimize the balance between strength and 

onductivity [ 11 , 12 ]. Rotary swaging (RS) offers several advantages 

ver traditional deformation processes. One of the key benefits 

s the ability to produce infinitely long products with consistent 

ross-sectional dimensions, making it suitable for industrial-scale 

anufacturing [ 13 ]. The triaxial compressive stresses involved in 

S facilitate the effective accumulation of dislocations [ 14 ], leading 

o significant strain hardening and grain refinement without intro- 

ucing excessive tensile stresses that could cause cracking. Thus, 

ulk high-strength nanocrystalline (NC) Mg-Gd-Y-Zr and AZ31 al- 

oys [ 15–17 ], Cu and Cu-Cr [ 11–13 ], Al and Al matrix composites

 18–20 ] as well as commercial-purity Ti [ 21 ], etc. can be success-

ully prepared by using RS [ 22 , 23 ]. Additionally, the process pro-

otes the development of fibrous microstructures, which are bene- 

cial for both mechanical strength and electrical conductivity along 

he deformation direction [ 24 ]. 

In this study, we explore the use of RS combined with subse- 

uent aging treatments to process Cu-Ni-Be alloys. The goal is to 

evelop a material with a superior combination of high strength, 

igh ductility, and high electrical conductivity suitable for indus- 

rial applications. By leveraging the advantages of RS and the 

recipitation-hardening potential of Cu-Ni-Be alloys, we aim to 

vercome the traditional trade-offs between mechanical and elec- 

rical properties in copper-based materials. The effects of deforma- 

ion and aging on the microstructural evolution, texture develop- 

ent, and resulting properties are systematically investigated to 

rovide insights into the mechanisms contributing to the enhanced 

erformance of the alloy. 

. Materials and methods 

.1. Material preparation process 

The commercial Cu-Ni-Be alloy grade C17510, with the specific 

hemical composition detailed in Table 1 , was analyzed using a 

irect-reading spectrometer (Spectro M10, Germany). The test re- 

ults were found to comply with the relevant standards. Following 

olid solution treatment (ST) at 820 °C for 2 h, the Cu-Ni-Be alloy 

od achieved a fully homogeneous solid solution state. The inverse 

ole figure (IPF) map of the alloy is shown in Fig. 1 (a). The grain

ize distribution of the ST Cu-Ni-Be alloy is presented in Fig. 1 (b), 

ith an average grain size of 24 μm. The contents of LAGBs and 

igh-angle grain boundaries (HAGBs) were 3 % and 43 %, respec- 

ively, while the annealed twin boundary (TB) content was as high 

s 54 %. Additionally, the grain orientation of the alloy was found 
2

o be relatively random, with no distinct texture formation, as il- 

ustrated in Fig. 1 (c). 

The ST Cu-Ni-Be alloy with an initial diameter of 30 mm was 

ubjected to RS deformation at room temperature. Each defor- 

ation pass resulted in a 0.3 mm reduction in the diameter of 

he rod, and after 78 passes, a final wire diameter of 6.7 mm 

as achieved, corresponding to an equivalent strain ( ɛ ) of 3.0 (the 

ample is named RS3.0 ). The ɛ was calculated using the formula 

 = ln( A0 / A ), where A0 and A represent the initial and final cross-

ectional areas, respectively. The RS3.0 sample was further sub- 

ected to isothermal aging treatment at temperatures of 573 K, 623, 

73 K, 723 K, 773 K, and 873 K for a duration of 1 h, followed by

ooling in air. Additionally, to investigate the structural evolution 

uring the RS deformation process, structural characterization was 

erformed on samples with ɛ of 1.0 and 2.0, which corresponded 

o diameters of 18.2 mm and 11.0 mm, respectively. 

.2. Mechanical and electrical properties testing 

Vickers microhardness tests were performed using an HMV-G 

1DT (Shimadzu, Japan) tester with a load of 1.96 N and a dwell 

ime of 10 s in conventional samples. Ten indentations were tested 

o obtain reliable results. 

Quasi-static uniaxial tensile tests were conducted using an 

GS-X 10KN universal testing machine (Shimadzu, Japan) at a 

train rate of 1 × 10−3 s−1 and room temperature. Images were 

ecorded at appropriate time intervals for digital image corre- 

ation (DIC) analysis. The specimens, with gauge dimensions of 

 mm × 2 mm × 5 mm, were extracted from the core region of 

he rod. 

Electrical conductivity measurements were carried out at 20 °C 

sing a four-point probe resistivity tester. The test specimen mea- 

ured 0.8 mm × 0.8 mm × 25 mm, with its length oriented along 

he swaging direction. Conductivity ( δ) was determined by the re- 

ationship δ= 1/ ρ= RS / l , where ρ represents resistivity, R is the re-

istance, S is the cross-sectional area, and l denotes the spacing 

etween the two voltage probes. 

.3. Thermal analysis 

Thermal analysis was conducted using a PerkinElmer DSC80 0 0 

ifferential scanning calorimeter (DSC). Polished samples of ap- 

roximately 30 mg each were sealed in aluminum pans and heated 

n a nitrogen atmosphere, with an empty aluminum pan used as a 

eference. Heating rates of 5 K/min, 10 K/min, and 20 K/min were 

pplied to analyze the kinetic parameters during the aging process. 

.4. Microstructural characterizations 

X-ray diffraction (XRD) measurements were conducted using a 

ruker-AXS D8 diffractometer with Cu K α radiation. The 2 θ angle 

as scanned from 40 ° to 100 ° with a step size of 0.02 ° and a dwell

ime of 2 s per step. 

Electron backscatter diffraction (EBSD) analysis was conducted 

sing a Zeiss Auriga FIB/SEM coupled with an Oxford Instruments 

ztec 2.0 fully automated EBSD system. Sample preparation in- 

olved initial polishing with sandpaper, followed by electropolish- 

ng on a Buehler ElectroMet@4 using an electrolyte solution of 

5 % H3 PO4 , 25 % absolute alcohol, and 50 % deionized water, with 

n applied voltage of 8 V for 30–60 s. EBSD data processing was 

erformed using Channel5 software. 

For transmission electron microscopy (TEM) and scanning 

ransmission electron microscopy (STEM) observations, including 

right field (BF) mode and high-angle annular dark field (HAADF) 

ode, an FEI Titan G2 operating at 300 kV with aberration cor- 

ection was used. The TEM samples were prepared by machining 
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Fig. 1. Microstructure of solid solution coarse-grained Cu-Ni-Be alloy. (a) IPF map, the inset is the legend; (b) grain size distribution; (c) pole figure in (001), (011), and (111) 

basal plane. 
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nd thinning to 50 μm discs, followed by twin-jet polishing in an 

lectrolyte (25 % H3 PO4 , 25 % absolute alcohol, 50 % deionized wa- 

er) at approximately 265 K. Residual surface phosphates were re- 

oved with ion milling (Gatan 695). 

. Results 

.1. Microstructure evolution of RS process 

After RS deformation, the sample, initially a 30 mm diameter 

od, was progressively reduced in size. To investigate the mecha- 

isms of deformation and grain refinement, microstructural char- 

cterization was performed on intermediate deformation samples 

ith strains ɛ = 1.0 and ɛ = 2.0, as shown in Fig. 2 . The IPF maps

or ɛ = 1.0 and ɛ = 2.0 are presented in Fig. 2 (a) and (f), respec-

ively. Compared to the ST sample, the grains in both the ɛ = 1.0 

nd ɛ = 2.0 samples are elongated along the axial direction to 

arying degrees. During deformation, the selective activation of slip 

ystems leads to pronounced grain orientation alignment. The pole 

gures in Fig. 2 (d) and (i) reveal the formation of a strong fiber

exture along the axial direction after deformation. 

In the pole figure for the {001} crystal family, a distinct pre- 

erred grain orientation is evident even at ɛ = 1.0, with the orien- 

ation density concentrated on both sides of x -axis. This indicates 

hat during RS, a significant portion of grains have their 〈 001 〉 di- 

ections aligned along the rod axis. Similarly, the pole figure for the 

111} crystal family shows a comparable trend, with even higher 

ensity in the 〈 111 〉 orientation compared to 〈 001 〉 . In contrast, the

rains in the 〈 011 〉 direction exhibit a dispersed distribution per- 

endicular to the axis (along y -axis direction), which is a result of 
a

3

he axisymmetric nature of the applied stresses and strains during 

he RS process. 

The GBs distribution maps show that at ɛ = 1.0, the proportion 

f LAGBs significantly increases, reaching 79 %, while HAGBs and 

Bs account for only 13 % and 8 %, respectively. As the strain fur- 

her increases to ɛ = 2.0, the proportions of LAGBs, HAGBs, and 

Bs become 72 %, 16 %, and 12 %, respectively, indicating that 

urther deformation induces a gradual transformation of LAGBs 

nto HAGBs, with a small amount of TB formation ( Fig. 2 (b) and

g)). The average geometrically necessary dislocation (GND) den- 

ity statistics show values of 5.11 × 1014 m−2 and 1.05 × 1015 m−2 

or the samples at ɛ = 1.0 and ɛ = 2.0, respectively, as shown in

ig. 2 (c) and (h). Additionally, the average grain widths in the ra- 

ial direction of the rod were measured, yielding values of 9.89 μm 

nd 4.14 μm for the two samples, respectively. 

Continue to increase the ɛ when it reaches 3.0, the deformed 

ample, reduced to a diameter of 6.6 mm, exhibits a smooth and 

hiny surface, as shown in the macroscopic image in Fig. 3 (a). 

his deformation process transformed the initial equiaxed coarse 

rains into elongated, fiber-like grains aligned parallel to the rod’s 

xis, as illustrated in the metallographic image in Fig. 3 (b). Higher- 

agnification EBSD analysis further revealed that these elongated 

rains primarily consist of HAGBs, which account for 27 % of the 

tructure. Additionally, LAGBs were observed within the grains, 

aking up 55 % of the structure and also predominantly aligning 

ith the wire axis. The content of TBs decreased from 54 % before 

eformation to 18 %, and its peak in the misorientation distribu- 

ion between adjacent grains shifted from 60 ° of �3 to 55 °, and 

ost TBs connect with HAGBs, indicating that deformation caused 

ost TBs to lose their coherent relationship and gradually trans- 

orm into ordinary HAGBs, as shown in the GB map in Fig. 3 (d)

nd the misorientation distribution in Fig. 3 (h). 
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Fig. 2. Microstructure of the samples during the RS process with ɛ = 1.0 and ɛ = 2.0. (a) IPF map at ɛ = 1.0; (b) GB distribution map at ɛ = 1.0, which includes LAGB (blue 

line, misorientation < 15 °), HAGB (black line, misorientation > 15 °), and TB (red line, �3, fault tolerance angle of 5 °); (c) GND map at ɛ = 1.0; (d) pole figure at ɛ = 1.0; 

(e) GB misorientation and grain width distribution at ɛ = 1.0; (f) IPF map at ɛ = 2.0; (g) GB map at ɛ = 2.0; (h) GND map at ɛ = 2.0; (i) pole figure at ɛ = 2.0; (j) GB 

misorientation and grain width distribution at ɛ = 2.0. 
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Fig. 3 (e) shows that the average GND density was 

.51 ×1015 m−2 . Recrystallization mapping ( Fig. 3 (f)) reveals no 

vidence of recrystallization in the deformed microstructure, with 

ubstructures and deformed grains accounting for 32 % and 68 %, 

espectively. The RS3.0 sample exhibits a texture similar to that 

f ɛ = 2.0. Statistical analysis of grain width and axial length, 

resented in Fig. 3 (i) and (j), yielded average values of 0.92 μm 

nd 106 μm, respectively. 

Fig. 4 presents the recrystallization distribution maps, GB dis- 

ribution maps, and GND density distribution maps for the RS3.0 

amples subjected to aging at 573 K, 673 K, 723 K, 773 K, and

73 K, each for 1 h. Quantitative results from these analyses are 

urther detailed in Fig. 5 . In particular, Figs. 4 (a1–e1) and 5(a1–e1) 

how the recrystallized fraction for each condition. For the sample 

ged at 573 K/1 h, the microstructure primarily comprises 69 % 

eformed structure and 31 % substructure. At 673 K/1 h, the de- 

ormed structure constitutes 67 % of the sample, while the sub- 

tructure fraction increases to 33 %. Aging at 723 K/1 h results in a 

urther reduction of the deformed structure to 61 %, with 36 % sub- 

tructure and a small recrystallized fraction of 3 %. At 773 K/1 h, 

he deformed structure decreases to 41 %, with the substructure 
4

t 47 % and recrystallized grains rising to 12 %. Finally, aging at 

73 K/1 h produces a microstructure with 58 % recrystallized con- 

ent, while the deformed structure and substructure are reduced to 

8 % and 14 %, respectively. 

Fig. 4 (a2–e2) displays the GB distribution maps, while 

ig. 5 (a2–e2) presents the distribution of misorientation angles be- 

ween adjacent grains, showing the frequency of GBs at different 

isorientation angles. As the aging temperature increases, the pro- 

ortion of LAGBs gradually decreases from 57 % at 573 K to 21 % at

73 K. Conversely, the proportion of HAGBs increases from 22 % to 

2 %, while the fraction of TBs also shows a progressive rise with 

emperature, reaching 37 % at the highest temperature of 873 K. 

his increase in TBs is attributed to the formation of annealing 

wins associated with recrystallization. 

The GND density distribution and statistics are shown in 

igs. 4 (a3–e3) and 5 (a3–e3). The average GND density of the 

73 K/1 h sample is 1.48 ×1015 m−2 , and for the 673 K/1 h sample,

t is 1.46 ×1015 m−2 , showing only a slight reduction from the RS3.0 

nd 573 K/1 h conditions, indicating minor dislocation recovery 

ollowing deformation. With the onset of recrystallization, a more 

ignificant decrease in GND density is observed. The 723 K/1 h 
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Fig. 3. Macro picture and microstructures of the sample RS3.0 . (a) Picture of swaged Cu-Ni-Be alloy; (b) metallographic photo; (c) IPF map, inset is the legend; (d) GB 

map includes LAGBs (blue line, misorientation < 15 °), HAGBs (black line, misorientation > 15 °) and TBs (red line, �3, The allowable error angle is 5 °); (e) GND map. (f) 

Recrystallization distribution map; (g) pole figure; (h) GBs misorientation distributions; (i) grain width and (j) grain length statistics. 
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ample shows a reduced GND density of 1.35 ×1015 m−2 . At higher 

ging temperatures, this trend continues: the 773 K/1 h sample 

hows a further reduction to 1.16 ×1015 m−2 , while the 873 K/1 h 

ample, with a recrystallized fraction as high as 58 %, exhibits a 

ronounced drop in GND density to 6.01 ×1014 m−2 . 

In summary, as the aging temperature increases, recrystalliza- 

ion initiates around 723 K and becomes increasingly prominent 

t higher temperatures, with the fraction of deformed grains grad- 

ally decreasing. The characteristics of the GBs also evolve, with 

 reduction in LAGBs and a corresponding increase in HAGBs and 

Bs. Simultaneously, the declining GND density reflects accelerated 

islocation elimination and rearrangement with increasing temper- 

ture, promoting material softening and texture adjustment. These 

icrostructural changes have a direct impact on the material’s me- 

hanical properties, particularly its strength and ductility, this will 

e introduced in the following text. 

Associated with the recrystallization occurring and fraction in- 

reases, the texture of materials also undergoes notable changes, 

he pole density of grains oriented along the 〈 111 〉 axis decreases, 

hile the pole density of < 001 > -oriented grains increases. De- 

pite the occurrence of recrystallization, the sample predominantly 
5

etains the 〈 001 〉 and 〈 111 〉 fiber textures, as shown in Fig. 6 .

his texture inheritance is due to the influence of internal dis- 

ocation structures, sub-grain structures, and dislocation densities 

ormed during deformation, which directly impacts the nucleation 

nd growth of grains during recrystallization. Certain orientations 

ithin the deformed texture more readily form new grains during 

ecrystallization, resulting in a preferential nucleation and growth 

rocess that preserves aspects of the original texture. 

In Fig. 3 (d), a large number of LAGBs were observed within 

he grains, and the length direction of the sub-grains composed 

f LAGBs is consistent with the length direction of the grains com- 

osed of HAGBs. Further examination using STEM-BF imaging re- 

ealed that the sub-grains within the grains of the RS3.0 sample 

ad an average width of approximately 200 nm, with a high dis- 

ocation density inside ( Fig. 7 (a)), therefore, a typical fractal struc- 

ure composed of metal wires, grain fibers, and sub-grain fibers 

as constructed by RS. For the sample aged at 673 K for 1 h, 

o significant change in the average width of the sub-grains was 

bserved. In contrast to the RS3.0 sample, the dislocation density 

ithin the sub-grains of the aged sample was reduced, as shown 

n Fig. 7 (b). 
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Fig. 4. Recrystallization distribution maps (a1, b1, c1, d1, e1), GBs distribution maps (a2, b2, c2, d2, e2), and GND density distribution maps (a3, b3, c3, d3, e3) of RS3.0 after 

aging at: (a1, a2, a3) 573 K/1 h, (b1, b2, b3) 673 K/1 h, (c1, c2, c3) 723 K/1 h, (d1, d2, d3), 773 K/1 h; (e1, e2, e3) 873 K/1 h. 
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.2. Precipitation behavior 

The XRD curves of the Cu-Ni-Be alloy after RS and subsequent 

ging are shown in Fig. 8 (a). The side view of the RS3.0 round 

ample exhibits a pronounced {220} diffraction peak and a rela- 

ively weaker {200} diffraction peak, along with very weak {111} 

nd {311} diffraction peaks. This result is consistent with the IPF 

esults in Figs. 3 and 6 , indicating that the low-temperature aging 

oes not significantly alter this texture composition. However, at 

n aging temperature of 723 K, there is a slight increase in the in-

ensities of the {111} and {311} peaks, a trend that becomes more 

ronounced at higher aging temperatures. This observation aligns 
6

ith the recrystallization distribution maps in Fig. 4 , confirming 

he onset of recrystallization in samples aged at 723 K and above. 

Additionally, aging leads to a shift in the diffraction peaks, at- 

ributed to changes in the lattice constant ( a ). Nelson extrapolation 

unction f ( θ ) is used to estimate the value of a [ 25 ]: 

f
(
θ
)

= 1 

2 

(
cos 2 θ

sin θ
+ cos 2 θ

θ

)
(1) 

here θ is the half Bragg angle, from the different diffraction peak 

ngles obtained by XRD curves, and a is the intercept obtained 

rom the linear fitting of f ( θ ) versus θ . The results indicate that 

he precipitation of Be atoms from the saturated solid solution in- 

reases the a of the alloy. This effect is due to the atomic radius 
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Fig. 5. Statistics of recrystallization content (a1, b1, c1, d1, e1), misorientation (a2, b2, c2, d2, e2), and GND density (a3, b3, c3, d3, e3) of RS3.0 samples after annealing 

at: (a1, a2, a3) 573 K/1 h, (b1, b2, b3) 673 K/1 h, (c1, c2, c3) 723 K/1 h, (d1, d2, d3), 773 K/1 h, and (e1, e2, e3) 873 K/1 h. “R”, “S”, and “D" represent recrystallization, 

substructure, and deformation, respectively. 
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f Be (112 pm) being smaller than that of the Cu matrix (128 pm)

hen Be atoms are present in a substitutional solid solution. Con- 

equently, Be dissolution in the Cu matrix induces lattice distor- 

ion, reducing the lattice constant, while Be precipitation increases 

t. 
7

The lattice constant of the 573 K/1 h sample is similar to that 

f the RS3.0 sample (0.3603 nm), suggesting minimal Be precip- 

tation at this temperature. In contrast, the lattice constants of 

he 623 K/1 h and 673 K/1 h samples show progressive increases 

0.3605 nm and 0.3609 nm, respectively). For samples aged above 
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Fig. 6. IPF map (a1, b1, c1, d1, e1) and pole figure (a2, b2, c2, d2, e2) of RS3.0 sample after annealing at: (a1, a2) 573 k/1 h; (b1, b2) 673 K/1 h; (c1, c2) 723 K/1 h; (d1, d2) 

773 K/1 h; (e1, e2) 873 K/1 h. 
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73 K, the lattice constant stabilizes at 0.3610 nm, indicating that 

e precipitation has reached equilibrium in these samples. 

During the aging process of Cu-Be, Cu-Ni-Be, and Cu-Co-Be al- 

oys, the precipitation sequence is generally considered to proceed 

s follows: Cu-based supersaturated solid solution, Guinier-Preston 

G.P.) zones, γ ′′ , γ ′ , and finally γ . The G.P. zones consist of single 

ayers of Be atoms parallel to the (001) plane of the α-Cu matrix, 

orming in the early stages of aging [ 26 ]. The γ ′′ precipitates are 

isk-shaped and maintain a coherent relationship with the α-Cu 

atrix, growing further along their wide face parallel to the 001 

lane of the α-Cu matrix, with Ni atoms enriched around the Be 

onolayers [ 27 ], this coherency allows the γ ′′ phase to initially in- 

egrate smoothly into the Cu matrix, with its lattice planes and ori- 

ntations well-aligned with those of the matrix, thereby reducing 

nterfacial energy. However, as the size of the γ ′′ precipitates in- 
8

reases or the aging time is extended, the coherency may gradually 

iminish. The γ ′ phase is also disk-shaped but is semi-coherent 

ith the α-Cu matrix [ 28 ] and larger than the γ ′′ phase. With suf- 

cient aging time or elevated temperatures, the γ ′ precipitates are 

ventually replaced by the stable γ phase [ 29 ]. 

Metastable phases typically exhibit a more dispersed distribu- 

ion and smaller size, which significantly enhance the material’s 

trength compared to stable phases. In this study, both the ST and 

S3.0 samples achieved their maximum yield strength after aging 

t 673 K for 1 h (as shown in Fig. 11 in the following text). There-

ore, the precipitates microstructure of the RS3.0 –673 K/1 h sample 

as characterized to further investigate the strengthening mecha- 

ism. Fig. 9 (a) presents the high-resolution TEM (HRTEM) image of 

he 673 K/1 h sample. Following aging, numerous precipitates have 

eparated from the matrix. Based on the FFT image in Fig. 9 (d), 
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Fig. 7. STEM-BF images of the interior of the grains. (a) RS3.0 ; (b) RS3.0 –673 K/1 h. 

Fig. 8. XRD curves and lattice constant estimation based on XRD curves of Cu-Ni-Be alloy in RS and subsequent aging state. (a) XRD curves; (b) lattice constant. 
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he precipitate phase is identified as γ ′′ . The red box in Fig. 9 (a)

ighlights a region magnified in Fig. 9 (b), and the intensity profile 

long the dotted line is shown in Fig. 9 (c). The weaker diffraction 

ontrast observed is attributed to the presence of lighter Be atoms. 

ig. 9 (c) also shows the FFT reciprocal lattice image of an individ- 

al γ ′′ phase, where additional patterns appear at the 1/2(220) po- 

itions compared to the matrix. The elongated γ ′′ precipitates are 

ligned parallel to the (002) plane of the Cu matrix, with the ori- 

ntation relationship described as [100]p //[110]M 

, consistent with 

he classic Bain relationship for FCC/BCC structures. Fig. 9 (e) shows 

he IFFT image of selected spots from the inset, revealing slight lat- 

ice distortion surrounding the coherent γ ′′ phase. This lattice dis- 

ortion is further visualized in the geometric phase analysis (GPA) 

ap shown in Fig. 9 (f). 

.3. Mechanical and electrical properties 

The hardness distribution along the diameter of the cross- 

ection of the RS3.0 sample is shown in Fig. 10 . The hardness 

tabilizes at approximately 180 HV in the region radially located 

 1.5 mm from the center. However, within a 3 mm diameter at 

he core, the hardness exhibits a gradient pattern, with the high- 

st hardness at the center (up to 208 HV) gradually decreasing 
9

owards the periphery. This continuous hardness gradient in the 

waged Cu-Ni-Be alloy resembles that observed in swaged pure 

opper [ 11 ], suggesting that dislocation slip remains the domi- 

ant deformation mechanism for this high stacking-fault energy 

lloy during RS, rather than extensive twinning [ 30 ]. Given the mi- 

or property differences between the core and edge, the material 

an be considered relatively homogeneous, and samples for perfor- 

ance testing and microstructural characterization were extracted 

rom the very center of the wire to ensure comparability. 

During subsequent aging, the processes of dislocation recovery, 

recipitate formation, and recrystallization become prominent. At 

73 K/1 h, the hardness distribution remains similar to the as- 

waged state. At 623 K/1 h and 673 K/1 h, the hardness of the alloy

ignificantly increases while retaining the gradient distribution: at 

23 K/1 h, core hardness reaches 240 HV, and edge hardness is 

17 HV; at 673 K/1 h, core hardness reaches 278 HV, and edge 

ardness is 262 HV. At higher aging temperatures (773 K/1 h and 

73 K/1 h), both the core and edge hardness are markedly reduced 

ompared to the 673 K/1 h condition, and the hardness difference 

etween the core and edge is nearly eliminated, primarily due to 

ecrystallization. 

In this study, quasi-static tensile tests at room temperature 

ere conducted to systematically analyze the mechanical proper- 
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Fig. 9. Precipitates structure of RS3.0 –673 K/1 h sample. (a) HRTEM; (b) enlarged image within the yellow box in (a); (c) the one-dimensional intensity distribution at the 

red dashed line in (b); (d) FFT image of (b); (e) IFFT image-based on the pink circle shown in the inset in (e); (f) geometrical phase analysis (GPA) image based on the vector 

ɛxx shown in the inset in (f). 

Fig. 10. Radial hardness distribution of samples after RS and subsequent annealing. 
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Table 2 

Yield strength σ 0.2 , UTS, uniform elongation ɛu , and elongation to 

fracture ɛf of ST and RS3.0 samples and their subsequent aging 

treated samples. 

Samples σ 0.2 (MPa) UTS (MPa) ɛu (%) ɛf (%) 

ST 100 314 34.8 50.8 

ST-573 K/1 h 107 354 31.2 45.1 

ST-623 K/1 h 377 571 21.5 34.6 

ST-673 K/1 h 572 757 18.7 26.2 

ST-723 K/1 h 526 766 20.3 24.9 

ST-773 K/1 h 518 723 17.7 23.9 

ST-873 K/1 h 390 517 13.1 26.8 

RS3.0 698 706 1.4 9.7 

RS3.0 –573 K/1 h 680 712 7.6 14.5 

RS3.0 –623 K/1 h 776 848 10.2 14.1 

RS3.0 –673 K/1 h 962 1064 10.4 16.1 

RS3.0 –723 K/1 h 879 974 11.3 15.7 

RS3.0 –773 K/1 h 697 785 9.7 17.1 

RS3.0 –873 K/1 h 305 461 16.2 33.0 
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t
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8

w
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a

T

6

h

n

3

R

ies of RS3.0 samples under various aging conditions, the same ag- 

ng conditions were also applied to ST samples for comparison, as 

hown in Fig. 11 . For the ST sample, the unaged condition exhib- 

ted a yield strength ( σ 0.2 ) of 100 MPa, ultimate tensile strength 

UTS) of 314 MPa, uniform elongation ( ɛ u ) of 34.8 %, and elonga-

ion to fracture ( ɛf ) of 50.8 %. Aging at 673 K for 1 h resulted in

he maximum σ 0.2 (572 MPa), but at the cost of reduced ductil- 

ty, with ɛ u decreasing to 18.7 %. At a higher aging temperature of 

73 K for 1 h, σ 0.2 and ɛ u significantly decreased to 390 MPa and

3.1 % simultaneously. 

For the RS3.0 sample, the unaged condition showed high 

trength, with σ of 698 MPa and UTS of 706 MPa, but low duc- 
0.2 

10
ility ( ɛ u = 1.4 %, ɛf = 9.7 %). Aging at 673 K for 1 h resulted in

he highest strength, with σ 0.2 reaching 962 MPa and UTS reach- 

ng 1064 MPa, while ɛ u and ɛf were 10.4 % and 16.1 %. However, at

73 K for 1 h, σ 0.2 and UTS decreased to 305 MPa and 461 MPa, 

ith a significant increase in ductility, as ɛ u and ɛf improved to 

6.2 % and 33.0 %, respectively. The σ 0.2 , UTS, ɛ u , and ɛf of ST

nd RS3.0 samples and their aging treated samples are shown in 

able 2 . 

Fig. 12 presents the DIC results for the samples RS3.0 and 

73 K/1 h. Consistent with the tensile curves, the RS3.0 sample ex- 

ibits uniform deformation only up to about 1.0 % strain, with pro- 

ounced macroscopic shear bands forming across the specimen at 

 % strain, leading to local necking. This behavior indicates that the 

S sample loses its ability to sustain uniform deformation at rel- 
3.0 
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Fig. 11. Quasi-static tensile curves. (a) Solid solution and subsequent aging state. (b) Swaging state after solid solution and subsequent aging state. 

Fig. 12. DIC results of RS3.0 and RS3.0 –673 K/1 h sample. 
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Fig. 13. Conductivity of ST and RS3.0 and their aged state samples. 
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tively low strains, rapidly transitioning to non-uniform deforma- 

ion. This transition causes significant stress concentration in lo- 

alized areas, promoting the formation of macroscopic shear bands 

nd early failure of the material. 

In contrast, the 673 K/1 h sample demonstrates superior defor- 

ation capacity. At an early tensile strain of 3 %, the sample main- 

ains uniform deformation, and as the strain increases to 10 %, the 

ormation and dispersion of wavy microscopic shear bands are ob- 

erved. These wavy shear bands play a crucial role in enhancing 

he deformation ability of the 673 K/1 h sample. They effectively 

istribute stress across the material, alleviating stress concentra- 

ion in localized areas and thereby delaying the onset of necking. 

Due to the near-zero solubility of Be atoms in the Cu matrix at 

oom temperature, Cu-Ni-Be alloys can undergo aging to precipi- 

ate Be atoms, thereby optimizing conductivity and making these 

lloys suitable as high-strength and high-conductivity materials. In 

his study, the electrical conductivity of both ST and RS3.0 samples 

as analyzed under various aging treatments, as shown in Fig. 13 . 

For the unaged samples, the conductivity of the ST sample was 

5.9 % international annealed copper standard (IACS), while that of 
11
he RS3.0 sample was 35.2 % IACS, showing a close initial similar- 

ty. With increasing aging temperature, the conductivity of the ST 

ample gradually increased: reaching 37.6 % IACS at 573 K/1 h, and 

9.5 % IACS at 623 K/1 h. When aged at 673 K/1 h, the conductiv-

ty of the ST sample rose significantly to 45.7 % IACS and further 

ncreased to 50.4 % IACS at 723 K/1 h. At 773 K/1 h, the conductiv-

ty reached 52.3 % IACS, ultimately attaining a peak value of 54.5 % 

ACS at 873 K/1 h. 

The RS3.0 sample displayed a similar trend in conductivity but 

as generally slightly higher than the ST sample. Following aging 

t 573 K/1 h, the conductivity of the RS3.0 sample rose to 37.0 % 

ACS, further increasing to 39.2 % IACS at 623 K/1 h. At 673 K/1 h,

he conductivity reached 46.3 % IACS, surpassing that of the ST 

ample. The conductivity continued to increase to 51.8 % IACS at 

23 K/1 h and to 53.8 % IACS at 773 K/1 h, eventually reaching 

4.7 % IACS at 873 K/1 h, slightly higher than the ST sample’s 

4.5 % IACS. 

To explore conductivity differences between these two process- 

ng methods, the conductivity difference between RS3.0 and ST 

amples was calculated as 	(RS3.0 –ST) for each unaged and aged 

ondition, as shown in the upper part of Fig. 13 . The results in-

icate that for aging temperatures below 623 K, the conductivity 

f the deformed RS3.0 sample was lower than that of the ST sam- 

le under the same conditions, likely due to the high density of 
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Table 3 

Enthalpy changes ( 	H ) for 

the ST and RS3.0 sam- 

ples during the precipita- 

tion process. 

Samples 	H (J/g) 

ST −8.7 ± 1.3 

RS3.0 −8.8 ± 2.2 
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islocations introduced by deformation. However, for aging tem- 

eratures at or above 673 K, the conductivity of the RS3.0 sample 

xceeded that of the ST sample, likely due to dislocation recovery 

nd the influence of grain shape. At the highest aging temperature 

f 873 K, both samples exhibited similar conductivity, as the RS3.0 

ample had undergone extensive recrystallization. 

. Discussion 

.1. Precipitation kinetics 

During the formation of precipitates, the nucleation and growth 

rocesses can be explained by changes in system energy. As a new 

hase precipitates from a supersaturated solid solution, free energy 

s released. This occurs because the system transitions from a high- 

nergy state (supersaturated solid solution) to a lower-energy state 

solid solution with precipitates). This reaction requires overcom- 

ng an initial nucleation energy barrier, meaning that the precipi- 

ation process has an associated activation energy ( Q ). The magni- 

ude of this activation energy influences the kinetics of the precip- 

tation reaction; a higher activation energy indicates that a higher 

emperature or longer time is required for the process to occur. 

In the continuous heating DSC tests, the transformation per- 

entage ( Y ) as a function of time ( t ) and temperature can be de-

cribed as follows [ 31 ]: 

d Y 

d t 
= d Y 

d T 
· ϕ (2) 

According to the modified JMAK equation [ 32 ]: 

 = 1 − exp 

(
−kn tn 

)
(3) 

here n is a parameter depending on nucleation density and 

rowth mode of the precipitate phase, and k is the rate constant, 

efined as: 

 = k0 exp (−Q/RT ) (4) 

here T is the temperature, R is the gas constant (8.314 J/(mol 

)), and k0 is a constant related to the rate constant. For non- 

sothermal transformations, the transformation rate can be ex- 

ressed as 

d( Y ) 

d( t) 
= K( T ) f ( Y ) (5) 

here f ( Y ) is an implicit function of Y as described in Eq. (3) . By

ombining the derivative of Eq. (2) with Eq. (5) : 

f ( Y ) = n( 1 − Y ) 
[
− ln (1 − Y 

]( n −1 ) /n 
(6) 

The non-isothermal kinetic data obtained from DSC analysis in 

q. (2) can be written as: 

d( Y ) 

d( T ) 
= 1 

ϕ 

d( Y ) 

d( t) 
= 1 

ϕ 

K( T ) f ( Y ) (7) 

Combine Eqs. (2) , (6) , and (7) to yield: 

n [
(
d Y/ d T 

)
·
(
ϕ/ f ( Y ) 

)
] = ln k0 − ( Q/R ) ( 1 /T ) (8) 

Assuming that n remains constant during the reaction, an iter- 

tive approach can be used to test values of n until the linear fit 

rror of ln [(d Y/ d T ) · (ϕ/ f ( Y ) )] vs 1/ T is minimized. The optimal n 

alue, along with the slope −Q / R and intercept ln k0 , allows for the

etermination of Q and k0 . 

The DSC curves of the precipitation reactions for ST and RS3.0 

amples at different heating rates are shown in Fig. 14 (a). With in- 

reasing heating rates, both the peak area and peak temperature 

hift to higher values. By integrating the peak area and normaliz- 

ng it, the Y as a function of T can be obtained, as illustrated in

ig. 14 (b). According to Eq. (8) , plotting ln [(d Y/ d T ) · (ϕ/ f ( Y ) )] ver- 

us 1/ T and performing linear fitting yields slopes of −18.2244 and 
12
18.0580 for the ST and RS3.0 samples, respectively. The calculated 

 for the two samples are 151.5 kJ/mol and 150.1 kJ/mol, as shown 

n Fig. 14 (c). Based on Eqs. (3) and (4) , the Y value at specific T and

 can be estimated ( Fig. 14 (d)). 

The enthalpy changes ( 	H ) corresponding to the exothermic 

eaks in the DSC curves are summarized in Table 3 . The two sam- 

les exhibit similar 	H (−8.7 ± 1.3 J/g for ST and −8.8 ± 2.2 J/g 

or RS3.0 ), indicating that under sufficient aging conditions, solutes 

an be effectively dissolved. Additionally, the Q and the n values 

or both samples are very similar, indicating that the energy bar- 

iers to be overcome during aging and the nucleation density and 

rowth modes of the precipitate phases are similar. 

However, a noticeable difference is observed in the k0 , with the 

0 value for the ST sample being 1.6 times higher than that for 

S3.0 . This difference results in more complete solute precipitation 

n the ST sample during the precipitation process, compared to the 

S3.0 sample, under the same aging conditions. 

To reveal the differences in the precipitation processes between 

he two samples, the microstructure of both samples after aging 

t 673 K for 1 h was characterized, as shown in Fig. 15 . Both al-

oys exhibit a dispersed distribution of nanometer-sized precipi- 

ates within the grains, with similar densities. The difference lies 

n the average precipitate size: Sample ST-673 K/1 h shows a larger 

verage precipitate size (2.1 nm), while Sample RS3.0 –673 K/1 h 

resents smaller precipitates (1.6 nm). Considering that aging at 

73 K for 1 h does not result in complete phase transformation in 

he alloys ( Fig. 14 (d)), this could be attributed to the precipitation 

elay in the RS3.0 –673 K/1 h sample, due to its lower k0 value. 

Previous studies have shown that plastic deformation signifi- 

antly affects precipitation. For example, in the case of 7075 Al 

lloy, the precipitation kinetics were accelerated by equal channel 

ngular pressing, allowing precipitation to occur at lower temper- 

tures compared to the solution-treated alloy [ 33 ]. A similar phe- 

omenon was observed in Al-2 wt %Cu alloy produced by accu- 

ulation of rolling bonding [ 34 ], where deformation-induced GBs 

nd dislocations provided additional nucleation sites for precipi- 

ation. However, for some alloys, deformation may inhibit precip- 

tation. For instance, in Ni-Ti shape memory alloys, the NC and 

ltrafine-grained structures hinder precipitation due to geometric 

onstraints [ 35 ], and in Al-Mg alloys, segregation due to deforma- 

ion can prevent the formation of the equilibrium Al3 Mg2 phase 

 36 ]. In conclusion, precipitation behavior is influenced by various 

actors such as temperature, time, composition, dislocations, GBs, 

nd stress fields. 

Considering that the RS3.0 sample has a much higher density of 

Bs and dislocations compared to the ST sample, yet both samples 

xhibit similar Q, n , and 	H values, it suggests that in RS Cu-Ni-Be 

lloys, precipitation behavior is not sensitive to the nucleation sites 

rovided by GBs and dislocations. Previous studies have demon- 

trated that vacancies significantly influence precipitation behavior, 

ith thermal activation affecting vacancy concentration as follows 

 37 ]: 

 = A · exp 

(
− Ef 

kB T 

)
(9) 
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Fig. 14. DSC curves and precipitation kinetics analysis. (a) DSC curves of precipitation reactions of ST and RS3.0 samples at different heating rates; (b) the curve of precipi- 

tation volume fraction Y relative to temperature at different heating rates; (c) ln( ϕj ·d Y /d T ) for linear fitting of 1/ T . (d) Assuming that the value of n remains constant during 

the precipitation process, the transformation fractions at different annealing temperatures under isothermal annealing for 1 h. 
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here A is the entropy factor, Ef is the vacancy formation en- 

rgy, kB is the Boltzmann constant, and T is the absolute tempera- 

ure. Vacancy concentration increases exponentially with tempera- 

ure. The ST sample, rapidly quenched from a temperature near the 

elting point, possesses a high vacancy concentration. The solute 

iffusion in the precipitation process is typically a vacancy-driven 

rocess, where, in Cu-Ni-Be alloys, vacancies first facilitate the dif- 

usion of monolayer Be atoms, followed by the enrichment of Ni 

toms around the Be atoms to form the γ ′′ phase [ 6 ]. 

Due to the high vacancy concentrations in both the ST and RS3.0 

amples, the two alloys exhibit similar Q and n values. With in- 

reasing temperature, the RS3.0 sample, compared to the ST sam- 

le, not only undergoes solute dissolution but also shows disloca- 

ion recovery ( Fig. 4 ). Specifically, during dislocation recovery, dis- 

ocation movement interacts with vacancies, causing them to be 

bsorbed, which leads to a reduction in vacancy density. Conse- 

uently, vacancy mobility and diffusion rates decrease, resulting in 

 temporary suppression of precipitation in the RS3.0 sample. This 

s reflected in the reduced k0 value during precipitation kinetics. 

s the temperature continues to rise, vacancy oscillation intensi- 

es, and the vacancy density increases exponentially with T . This 

llows the RS3.0 sample to achieve a similar volume fraction of the 

recipitate phase and the same 	H as the ST sample. 
13
.2. Strengthening and toughening mechanism 

RS deformation refines the grain size and introduces a large 

umber of dislocations, thereby enhancing the material’s strength. 

he primary strengthening mechanisms are dislocation strength- 

ning and GB strengthening. Aging treatment further strengthens 

he material through the formation of nanoscale precipitates. It is 

ssential to investigate the changes in strength during the aging 

rocess for both the ST and RS3.0 samples, Fig. 16 (a) and (b) shows 

he difference in yield strength ( 	σ 0.2 ) and UTS ( 	σ UTS ) respec- 

ively, between the aged and original states of the two samples. For 

he ST sample (black solid squares), a significant increase in both 

σ 0.2 and 	σ UTS is observed with aging temperature, peaking at 

pproximately 673 K and 723 K in 	σ 0.2 and 	σ UTS , respectively. 

eyond this temperature, both metrics sharply decrease, indicating 

veraging. Conversely, for the RS3.0 sample (red open circles), the 

nhancements in strength are notably reduced compared to the ST 

ample, especially at higher temperatures. The 	σ 0.2 and 	σ UTS 

alues for RS3.0 show a much smaller peak at around 673 K and 

ecline steeply afterward, even becoming negative at 873 K. 

The diminished strengthening in the RS3.0 sample is likely at- 

ributable to: ( Ⅰ ) Dislocation recovery in aging process; ( Ⅱ ) The pre-

ipitation kinetics was slightly suppressed during aging, resulting 
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Fig. 15. The distribution of precipitates of aged samples of ST (a–c) and RS3.0 (d–f). (a, d) HAADF; (b, e) HRTEM; (c, f) size distribution of precipitates. 

Fig. 16. The strength differences between the aged and original states of two samples ST and RS3.0 . (a) 	σ 0.2(Aged-Unaged) ; (b) 	σ UTS(Aged-Unaged) . 
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n smaller precipitates than the ST sample. For the former, dislo- 

ation strengthening ( σ d ) is dependent on the dislocation density 

nd can be estimated using the following equation [ 38 ]: 

d = Mα1Gm 

bρ1 / 2 (10) 

here M is the average Taylor factor, α1 is constant, Gm 

is the 

hear modulus of the matrix, b is the burgers vector, and ρ is the 

islocation density. Therefore, the strengthening effect is reduced 

ue to the decrease in dislocation density during aging in the RS3.0 

ample. 

For the latter, nanoscale precipitates with small sizes are more 

ikely to be cut by dislocations during plastic deformation, leading 
14
o a strengthening effect. Coherency strengthening ( σ cs ), modulus 

ismatch strengthening ( σ ms ), and ordered strengthening ( σ o s ) 

re the three fundamental aspects of the shearing mechanism, they 

an be estimated by the following formula [ 39 ]: 

cs = M · αε ( G · ε ) 3 / 2 
(

r f 

0 . 5 Gb 

)1 / 2 

(11) 

ms = M · 0 . 0055( 	G ) 
3 / 2 

(
2 f 

G 

)1 / 2 (
r 

b 

)3 m/ 2 −1 

(12) 
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Fig. 17. Microstructure of RS3.0 –673 K/1 h sample after tensile deformation. (a) Low magnification HAADF image; (b) HRTEM; (c) FFT image of (b); (d) IFFT image based on 

the blue circle shown in A in (c); (e) IFFT image based on the red circle shown in B in (c); (f) GPA analysis based on ɛxx in (c). 

σ

w

i

c  

p

m

e

6  

d

t

I

i

c

i

p

r  

e

a

d

g

F

s

p

i

t  

s

s

f

h

i

a

F

v

a

s

c

d

m

m

p

t

o

t

b

4

l

p

a




w




s

s

t

a

i

os = M · 0 . 81
γAPB 

2 b 

(
3 π f 

8 

)1 / 2 

(13) 

here αɛ = 2.6 in FCC structure, ɛ approximately 2/3( 	a/a ). 	a 

s the difference between lattice parameters of matrix and pre- 

ipitation [ 40 , 41 ], m is a constant, f is the volume fraction of the

recipitates, 	G is the difference between the shear modulus of 

atrix and precipitation, and γ APB is the antiphase boundary en- 

rgy. Therefore, the precipitation strengthening effect of the RS3.0 –

73 K/1 h sample is lower than that of the ST-673 K/1 h sample,

espite the precipitation phase density being similar between the 

wo alloys and the size of the RS3.0 –673 K/1 h alloy being smaller. 

t is worth noting that, in general, the strengthening observed dur- 

ng aging in samples prepared via the deformation plus aging pro- 

ess is often less significant than that achieved through direct ag- 

ng of the solution-treated state [ 5 ]. However, some anomalous 

henomena exist. For instance, in NC alloys, when there is GB seg- 

egation [ 42 ] or precipitates pinning the GBs [ 43 ], the strength-

ning effect achieved by aging can exceed that of coarse-grained 

lloys by more than twice. 

To investigate the strengthening and toughening mechanisms 

uring tensile deformation, TEM analysis was conducted on the 

auge section of the post-testing tensile specimens, as shown in 

ig. 17 The microstructure reveals fibrous grains with a high den- 

ity of dislocations ( Fig. 17 (a)), without evidence of twinning or 

hase transformation induced by the tensile process. HRTEM imag- 

ng shows that precipitates are challenging to identify directly due 

o the influence of the dislocation stress field ( Fig. 17 (b)). To re-

olve this, FFT was applied to Fig. 17 (b), and the characteristic FFT 

pots for the γ ′′ phase (circled in blue in Fig. 17 (c)) were selected 

or IFFT transformation. The resulting image ( Fig. 17 (d)) reveals a 

igh-density distribution of precipitates. 
15
Additionally, selecting the (200) spot in Fig. 17 (c) (circled 

n red) for IFFT reveals the presence of dislocations both near 

nd within the precipitates, as indicated by the “⊥ ” symbols in 

ig. 17 (e). GPA analysis further indicates significant strain in the 

icinity of dislocations, while lattice distortion is also present 

round and within the precipitates in dislocation-free regions, as 

hown in Fig. 17 (f). Precipitates can enhance the work-hardening 

apacity of a material by impeding dislocation movement during 

eformation. This interaction increases the resistance to dislocation 

otion, requiring higher applied stresses for further plastic defor- 

ation. The result is an accumulation of dislocations around the 

recipitates, creating internal stress fields that strengthen the ma- 

erial. Additionally, as more dislocations accumulate, the likelihood 

f dislocation interactions and entanglements rises, further con- 

ributing to work-hardening. This mechanism effectively enhances 

oth the strength and work-hardening rate of the material. 

.3. Conductivity optimization mechanism 

According to Matthiessen’s rule [ 44 ], the resistivity of an al- 

oy is influenced by its microstructure, including GBs, dislocations, 

hase interface, precipitates, etc. The resistivity can be expressed 

s: 

= 
Cu + 
GB + 
S + 
Dis + 
p (14) 

here 
Cu is the resistivity of pure copper (1.724 × 10−8 
 m), 

GB and 
Dis are the resistivities due to GBs and dislocations, re- 

pectively, 
P is the resistivity from precipitates, and 
S is the re- 

istivity contribution from solute atoms. Factors such as precipi- 

ate size and distribution, grain size and shape, dislocation density, 

nd lattice distortions each impact electrical conductivity to vary- 

ng degrees. 
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Fig. 18. Comprehensive tensile performance of Cu-Cr-Zr [ 47–58 ], Cu-Ni-Si [ 59–64 ], Cu-Ag [ 65 , 66 ], Cu-Nb [ 67 ] based alloys and composite materials in the literature are com- 

pared with RS Cu-Ni-Be. (a) UTS versus uniform elongation; (b) UTS versus electrical conductivity; (c) product of uniform elongation and UTS versus electrical conductivity. 
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In coarse-grained pure copper, HAGBs are the primary lattice 

efects affecting conductivity. The low density of GBs in coarse- 

rained copper results in a high electrical conductivity (100 % 

ACS). In contrast, for alloys, the effect of different solute elements 

n electrical conductivity varies significantly. For solute contents 

 0.1 wt.%, the impact on conductivity, from most to least detri- 

ental, is as follows: Ti, Fe, Co, Be, Ni, and Ag [ 45 ]. Additionally,

n Cu-Ni-Be alloys, the solubility of Be in the copper matrix at 

oom temperature is very low, and Be tends to combine with Ni 

fter aging [ 46 ]. Consequently, the precipitation during aging re- 

uces the concentrations of Be and Ni solute atoms in the ma- 

rix, leading to a significant enhancement in electrical conductivity. 

n the other hand, the introduction of high-density dislocations 

hrough RS hurts conductivity. However, compared to the 24 μm 

rain size of the ST sample, RS increases the grain length along 

he wire axis to 106 μm, which significantly reduces the effect of 

AGBs on conductivity. Therefore, the electrical conductivity of the 

lloy produced by RS and aging is essentially the result of a com- 

etition between GB density, dislocation density, and solute atom 

ontent, and GB density is dominant. In comparison to other de- 

ormation methods that produce equiaxed ultrafine-grained alloys, 

he RS process offers a distinct advantage in optimizing electrical 

onductivity. 

For conductive materials with excellent performance, it is es- 

ential to achieve a balance between high strength, ductility, and 

lectrical conductivity. A comparison of literature data reveals an 

nverse relationship between strength and ductility in different 

opper alloys and copper-based composites. In this study, the Cu- 
16
i-Be alloy produced by RS and subsequent aging demonstrates 

n outstanding combination of UTS and uniform elongation. It is 

orth noting that the Cu-Ti alloy, which breaks this inverse rela- 

ionship, shows even greater advantages in this regard ( Fig. 18 (a)). 

n the other hand, Cu-Ti alloys exhibit significantly lower electrical 

onductivity, not exceeding 25 % IACS ( Fig. 18 (b)). When consider- 

ng mechanical properties through a combination of uniform elon- 

ation and tensile strength, and examining their relationship with 

lectrical conductivity, the Cu-Ni-Be alloy fabricated by RS shows 

uperior overall mechanical and electrical performance, breaking 

he traditional inverse relationship, as shown in Fig. 18 (c). These 

haracteristics highlight the potential of RS Cu-Ni-Be alloys for in- 

ustrial applications. 

. Conclusions 

This paper focused on Cu-Ni-Be alloys, utilizing RS deforma- 

ion to process coarse-grained Cu-Ni-Be rods, followed by ag- 

ng to enhance material properties. The result is high-strength, 

igh-toughness, and high-conductivity Cu-Ni-Be alloy wires. Al- 

hough Cu-Ni-Be alloys, with their high stacking fault energy, can- 

ot achieve nanoscale grains, the dispersed nanoscale precipitates 

rovide both strength and work-hardening capacity. The main find- 

ngs are summarized as follows: 

(1) Following multiple passes of RS, the performance differ- 

ences between the core and edge regions of the RS Cu-Ni-Be 

alloy are minimal, near homogeneous structures. The core of 

the Cu-Ni-Be alloy achieved a tensile strength of 706 MPa, 
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uniform elongation of 1.4 %, and electrical conductivity of 

35 % IACS. After aging at 673 K for 1 h, these values in-

creased to a tensile strength of 1064 MPa, uniform elonga- 

tion of 10.4 %, and conductivity of 46 % IACS. 

(2) The core region of the RS Cu-Ni-Be alloy exhibited fibrous 

grains with a width of 0.92 μm and a length of 106 μm, fea-

turing a strong 〈 111 〉 and a relatively weaker 〈 001 〉 fiber tex-

ture along the wire axis. After aging at 673 K/1 h, the dislo- 

cation density slightly decreased, with nanoscale γ ′′ precip- 

itates dispersed throughout the structure, while the texture 

remained largely unchanged. Aging at higher temperatures 

led to recrystallization, reducing the strength and displaying 

a texture inheritance effect. 

(3) There is no apparent dependence of GBs and dislocations 

on the aging process of RS Cu-Ni-Be alloys. Compared to di- 

rect aging of the ST sample, RS deformation slightly inhibits 

precipitation kinetics, which may be related to the vacancy 

density in the sample. 

(4) TEM analysis of the tensile-tested samples revealed dislo- 

cations near and within the γ ′′ precipitates, indicating that 

these precipitates act as barriers to dislocation motion, thus 

enhancing the strength and work-hardening capacity of the 

alloy. The elongated grains along the wire axis reduce the 

contribution of HAGBs to resistivity, helping to break the tra- 

ditional strength-conductivity trade-off. 

(5) The combination of RS and aging treatment makes the pro- 

duced Cu-Ni-Be alloy have excellent overall properties and 

are suitable for industrial applications. 
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