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During the plastic deformation of a metal matrix composite (MMC) containing non-deformable particles, high
dislocation density and strong back stresses are expected because the particles help with blocking and accumu-
lating dislocations. Here we report that the MMC has lower, instead of higher, dislocation density than the corre-
sponding monolithic matrix material when they are deformed to high plastic strains, because smaller sub-grains

in the MMC lowered dislocation generation rate and meanwhile promoted the dislocation interaction and anni-
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hilation in the matrix. This unique defect density evolution is a hitherto unknown but important factor affecting
the mechanical properties of MMCs.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.

Composite materials including both multiphase alloys [1-6] and
metal matrix composites (MMCs) [7-9] have been continuously devel-
oped and widely used in modern industries, thanks to their unique bal-
ance of mechanical properties, thermal properties, electrical properties,
chemical resistance and tribological properties. For optimal combina-
tion of properties, the spatial distribution or dispersion of secondary
phases in the form of particles, whiskers or short fibers are carefully
engineered [8,10]. Conventionally, the spatial distribution or dispersion
of secondary phases are controlled by consolidation processes, such as
solidification with ultrasonic stirring and rapid solidification [11], and
deformation processes such as rolling and extrusion [8]. However, con-
ventional manufacturing techniques are unable to process composite
materials with homogeneous distribution of secondary phases [8,12],
due to hardly controllable kinetics of phase transformation [13-15]
and/or insufficient strain/energy input [16,17]. In recent years, it has
been found that accumulative strain input by plastic deformation is ca-
pable of continuously increasing the homogeneity of composite mate-
rials [18-22], and consequently improving properties [23].

Due to the presence of the secondary phases, the microstructural
evolution of a composite is different from the corresponding monolithic
matrix material [24]. Thus, the evolution of mechanical properties of the
composites via plastic deformation is consequently very different from
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the corresponding monolithic matrix material [8,22,24]. For example,
the strain-hardening rate of the matrix is much higher than that of the
monolithic matrix material, which is mainly attributed to the strong
back-stress hardening on top of the common forest dislocation harden-
ing [7]. Back stress is long-range stress caused by the pileup of geomet-
rically necessary dislocations (GNDs) accommodating the strain
gradients at the interphase interfaces [25-27]. Back stress becomes sig-
nificant in a composite material [28], because the high plastic strain gra-
dients near the interphase interfaces in the matrix lead to high densities
of GNDs.

The strong back-stress is resulted from the drastic increase in the
density of GNDs and leads to the high strain-hardening rate of the
MMC at low strain levels. However, the hardening effect of MMCs at
high processing strain level has not been explored in-depth. This prob-
lem becomes more important, considering the fact that high processing
strain is necessary for achieving homogeneous distribution of secondary
phase particles in MMCs. In fact, a few work has shown that MMCs have
prolonged hardening stage and higher saturation hardness (strength)
than the corresponding monolithic matrix materials [29,30], but in-
depth explanation of this physical phenomenon is yet to be provided.

In this work, a commercial purity Al (CP-Al) and an Al-5%TiB,/TiC
MMC (Al-3.6TiB,-1.4TiC) are used as model materials to compare the
hardening effects and corresponding microstructural evolution from
low to ultrahigh processing strains. TiB, and TiC particles are insoluble
in Al, thus making them suitable for this study. An Al-5%TiB,/TiC MMC
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ingot was fabricated by an in-situ melt reaction method [31]. The ingots
of CP-Al and AI-5%TiB,/TiC MMC were machined into disks and proc-
essed by high-pressure torsion (HPT) with a quasi-constrained HPT fa-
cility [32,33] at room temperature and under 6 GPa applied pressure.
CP-Al disks were HPT processed to 1, 2 and 5 revolutions; Al-5%TiB,/
TiC disks were HPT processed to 1, 2, 5 and 15 revolutions. X-ray diffrac-
tion (XRD) measurement was carried out with a Bruker-AXS D8 Ad-
vance X-ray diffractometer equipped with Cu-Ko radiation source (N
= 0.1542 nm). Optical microscopy (OM) analysis was conducted with
a ZEISS-Axio-Vert-A1 optical microscope. Scanning electron microscopy
(SEM) analysis and electron backscatter diffraction (EBSD) were per-
formed with a Quanta 250F scanning electron microscope and a Zeiss
Auriga scanning electron microscope, respectively. A TECNAI G2 20
transmission electron microscope (TEM) was used to analyze the mi-
crostructures of the materials in detail. Vickers hardness experiment
was carried out using a HMV-G 21DT indentation equipment with an
applied load of 98.07mN and a dwell time of 15 s for each indent.

The von Mises equivalent shear strain, &, imposed by HPT to the
disk samples is estimated as:

2nNr
=22 )
where N is the number of revolutions and r and h are the radius and
thickness of the disk, respectively [3,32].

Both as-cast CP-Al and Al-5%TiB,/TiC MMC ingots have coarse
equiaxed Al grains. Fig. 1 is an OM image showing the microstructures
at the center of the MMC disk, where the shear strain is theoretically
zero. The average grain size of the Al matrix is approximately 40 pm.
The TiB,/TiC particles are mostly agglomerated and distributed along
Al grain boundaries (GBs). This kind of microstructure is typical in
MMCs made by conventional fabrication methods [8]. Fig. 2(a) shows
the morphology and distribution of the TiB,/TiC particles of light con-
trast in the as-cast samples. The particles are agglomerated and distrib-
uted inhomogeneously, resulting in the mixture of particle-rich regions
and particle-lean regions. After HPT processing to 15 revolutions, the ul-
trahigh shear strain was able to break the agglomeration of TiB,/TiC par-
ticles, resulting in comparatively homogeneous particle distribution as
shown in Fig. 2(b).

Comprehensive TEM analysis was conducted to examine the micro-
structural evolution of the CP-Al and Al-5%TiB,/TiC MMC samples proc-
essed by HPT. TEM results show that as the shear strain increased,
dislocation density in Al matrix changed in an undulating manner, but
the grain size decreased monotonically. Fig. 3(a) shows typical micro-
structures of the CP-Al processed to an strain level, &, = 10.9. Disloca-
tion structures can be clearly seen inside grains, indicating that
dislocation generation still outperformed dynamic recovery. Fig. 3
(b) shows well-developed steady state microstructure in the HPT CP-

Fig. 1. An optical microscopy image showing the microstructures at the center of the Al-5%
TiB,/TiC disk processed by HPT for 1 revolution.

Fig. 2. Scanning electron microscopy images showing typical microstructures of (a) the as-
cast Al-5%TiB,/TiC samples, and (b) the edge of the AI-5%TiB,/TiC disk, where €., ~ 162.4.

Al at &g = 54.1. The majority of the grains have been refined to the
ultrafine-grained regime with well-defined GBs, and dislocation clus-
ters are hardly seen inside grains. In contrast, at the strain level, & =
10.9, the MMC also has a high density of dislocations, and grain sizes
are close to 650 nm, as shown by Fig. 3(c). Fig. 3(d) shows the steady
state microstructures in the MMC samples, revealing much smaller
grain sizes than that in HPT CP-AL

The overall hardening produced by accumulative processing strain
under HPT shall include (1) strain-hardening due to the increase in dis-
location density, (2) GB-strengthening due to grain size reduction, and
(3) strengthening by hard particles [24]. Dissolution of secondary
phase particles and phase transformation were not detected by XRD
or TEM in current experiments. Thereby solid solution strengthening
and phase transformation are not considered hereafter. The evolution
of dislocation density with increasing shear strain is quantitatively
analysed, based on the strain gradient model by Gao et al. [34], by
using EBSD data. Assuming that each low angle boundary (misorienta-
tion angle <2°) is of twisted nature and contains two perpendicular ar-
rays of screw dislocations for strain accommodation, the density of
GNDs can be estimated by the formula [35,36]:

20kam 2)

where 0O is the kernel average misorientation which can be retrieved
directly from EBSD data; x is unit length which is equal to twice the step
size used in EBSD acquisition. Binning of 4 x 4 was used for all EBSD ac-
quisition. Step size of 100 nm and 40 nm were chosen for specimens
with large (>1 pm) and small (<1 pum) average sub-grain sizes, respec-
tively, for optimised reliability of test [37].

Fig. 4(a) shows the evolution of dislocation density with increasing
shear strain. This dislocation density is actually the density of GNDs es-
timated by formula (2). Although both GNDs and statistically stored
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Fig. 3. Transmission electron microscopy images showing detailed microstructures in (a) CP-Al at the strain level &, = 10.9, (b) CP-Al at the strain level &, = 54.1, (c) an Al-5%TiB,/TiC
MMC at the strain level &, =~ 10.9, and (d) an Al-5%TiB,/TiC MMC at the strain level &4 ~ 162.4.

dislocations (SSDs) contribute to strain-hardening of materials at large
strain when dislocations were tangled to form cells and walls, the
GNDs contribute to the majority of the flow stress [38,39]. Thus, it is rea-
sonable to inspect the strain-hardening effect by studying the density of
GNDs only. At the low strain level (first two data points from left hand
side on Fig. 4(a)), the dislocation density in HPT Al-5%TiB,/TiC MMC
was clearly higher than that in the HPT CP-Al This is because the non-
deformable TiB,/TiC particles cause strong back-stress to build up in
the surrounding Al matrix, resulting in additional GNDs and increased
strain-hardening rate during plastic flow [7,25]. Interestingly, the dislo-
cation density in HPT CP-Al increased quickly to a peak value of 8.34
x 10" m~2 at &4 = 10.9. In contrast, the dislocation density in HPT
Al-5%TiB,/TiC MMC at &, = 10.9 was unexpectedly only 4.98
x 10" m~2 which was also the peak value for the material. TEM analysis
can provide clue in regarding the dislocation density in CP-Al and Al-5%
TiB,/TiC MMC at &, = 10.9. By comparing Fig. 3(a) and (c), it can be
seen that the average grain sizes in CP-Al and Al-5%TiB,/TiC MMC are
1000 nm and 650 nm, respectively. Comparatively large grain size of
CP-Al allows more space at the grain interior for dislocations than Al-
5%TiB,/TiC MMC. The Al-5%TiB,/TiC MMC has much smaller grain
sizes than CP-Al, and thus much more GBs. GBs are major sinks for dis-
locations and popular sites for dynamic recovery [40]. In addition, as the
grain size reduces to the ultrafine-grained and nano-crystallize regimes,
GB activities involving dislocation annihilation become increasingly
pronounced [41]. Consequently, an enormous amount of GBs and
small grain sizes increased the rate of dynamic recovery, resulting in

lower dislocation density in Al-5%TiB,/TiC MMC than in CP-Al at &g
>10.

Fig. 4(b) shows the evolution of average sub-grain size in CP-Al and
Al-5%TiB,/TiC MMC with increasing strain. The average grain sizes were
measured from TEM images, and low-angle boundaries and dislocation
walls with sharp contrast were recognized as sub-grain boundaries.
Therefore, the average grain size measured may be slightly smaller
than the actual case. The average grain sizes at &.q < 5 were too large,
and thus were excluded from the plots. Knowing that the initial average
grain sizes of CP-Al and Al-5%TiB,/TiC matrix were 185 pm and 40 um,
respectively; grain refinement by HPT was very effective in both mate-
rials. At the strain level higher than 13.5, the curve indicating average
grain size vs. equivalent strain for CP-Al suddenly reached a plateau
(steady state), indicating that grain size reduction has stopped. In con-
trast, the grain size reduction in Al-5%TiB,/TiC matrix continued along
a gentle slope until the equivalent strain was increased above ~75.

The most attractive aspect of processing MMCs to high strains is to
cause fragmentation/separation and then redistribution of the originally
agglomerated secondary phase particles in the matrix [16-18,24]. In the
fields of MMCs manufacturing and research, the distribution of second-
ary phase particles is commonly quantified by the term, contiguity:
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Fig. 4. (a) Dislocation density vs. von Mises equivalent strain, and (b) average grain size vs. von Mises equivalent strain (both GBs and dislocation walls are recognized as sub-grain
boundaries), for the HPT processed CP-Al and Al-5%TiB,/TiC MMC. (c) Contiguity vs. von Mises equivalent strain for the Al matrix and TiB,/TiC particles in HPT Al-5%TiB,/TiC MMC.
(d) Hardness vs. von Mises equivalent strain for the HPT processed CP-Al and Al-5%TiB,/TiC MMC.
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where

Co and Cg; are contiguities of matrix and secondary phases, respectively.
$¢%is the total GB area of matrix grains per unit volume, S{** is the total
GB area of secondary phase per unit volume, and S3 is the total surface
area of interphase interfaces per unit volume. According to formulae
(3) and (4), the higher the homogeneity of the microstructure, C, is
closer to 1 and Cs is closer to 0. Although, C, and Cg describe the spatial
homogeneity of MMCs, they are commonly derived based on two-
dimensional micrographs such as EBSD data [8,42]. Similar 2D approach
was carried out in this work, and the evolution of contiguities of matrix
and secondary phase particles with increasing shear strain was depicted
in Fig. 4(c). At the center of the HPT samples, where the shear strain
is theoretically zero and the particles distribution is nearly identi-
cal to the as-casted samples. At this strain level, the Al matrix
grains were very large (~40 um in average), so the total GB areas
were comparatively small. TiB,/TiC particles agglomerated along
GBs of Al grains as exemplified in Fig. 1. Consequently, the value of
S&*was at the minimum, and the value of S{ was at the maximum.
Then, the contiguities of Al matrix and TiB,/TiC particles were
estimated to be 0.544 and 0.585, respectively. As the shear strain
increased to 10.9, the contiguity of Al matrix (Ca;) was quickly
increased to 0.844, and the contiguity of TiB,/TiC particles (Crip2/ric)
was decreased to 0.363. The increase in C4; was mainly due to the signif-
icant grain refinement (increase in GB areas). The majority of TiB,/TiC
particles had not been separated apart; therefore, the drop in Crigz/ric
was moderate. As the shear strain increased further, the value of Ca

varied in a range close to 0.8, and eventually leveled off and reached a
value of 0.802 at the strain of ~162. Interestingly, the peak value of
0.887 of Ca was at &, = 33.8. At this strain level, the average grain
size of Al matrix was 492 nm (Fig. 4(b)), which was very close to the
steady state grain size of 446 nm. Meanwhile, there was still a consider-
able amount of TiB,/TiC particles which had not been separated apart.
Therefore, the term S¢ for Al matrix was close to the maximum, but
S was yet to reach the maximum. Eventually, when the microstruc-
tural evolution has reached the steady state, S could reach the maxi-
mum, resulting in a moderate drop of the Cx. The value of Cripy/ic
reflects the homogeneity of distribution of TiB,/TiC particles. According
to Fig. 4(c), the value of Cripy/ric dropped at a comparatively fast rate
until &g = ~40. With further increase in shear strain, value of Crigz/ric
decreased with undulations and eventually reached a minimum. This
was because in the strain range of 0-40, the majority of the work was
consumed by grain refinement processes where dislocation activities
were dominant. Although the particles could be broken apart by inter-
actions with dislocations [24]; without sufficient GB activities such as
GB sliding and grain rotation [43], the particles could not be separated
much further. During subsequent deformation process, the particles
could collide back together and thus shift the value of Crigy/ric up and
down with increasing strain.

Hardness were measured to study the relationship between hard-
ness (strength) and processing strain. As shown in Fig. 4(d), the hard-
ness of CP-Al quickly reached the saturation value of ~58 Hv when the
shear strain was increased above ~10. This is consistent with the litera-
ture report [44] that &, > 11 is sufficient to develop the steady-state
hardness in CP-AL In contrast, the hardening continued in HPT Al-5%
TiB,/TiC MMC until the equivalent strain was increased above ~75, re-
vealing a significantly prolonged hardening stage and corresponding
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extension of microstructural evolution in the composite material. The
Al-5%TiB,/TiC MMC has much higher saturation hardness (~102 Hv)
than the CP-Al, mainly due to smaller grain size and reinforcement par-
ticles. The hardness-strain data were fitted by black and red curves for
CP-Al and Al-5%TiB,/TiC MMC, respectively. Close examination of the
fitting curves reveals that the curve for CP-Al is much steeper than the
curve for Al-5%TiB,/TiC MMC at the strain levels below ~10, indicating
that the hardening rate of CP-Al at low strain is higher than that of the
Al-5%TiB,/TiC MMC. The two curves intersect at &4 =~ 11.9, because
the hardening effect in CP-Al quickly diminished after the intersection
strain while the hardening in Al-5%TiB,/TiC MMC was still ongoing
with increasing strain until &4 = 75. It is worth to mention that despite
the dislocation density spikes in Fig. 4(a), the measured hardness in
Fig. 4(d) did not show corresponding “spikes” at the strain for both ma-
terials. This is because the hardness of HPT materials are affected by sev-
eral factors including dislocation density, grain size, hard particles,
interfacial bonding strength and even local microstructural heterogene-
ity [3,24], thus making the single effect of a dislocation density spike less
distinguishable on the fitting curves in Fig. 4(d).

It has been widely observed in early study that composite materials
have very high strain-hardening rate at the initial stage of plastic flow
[7,8,12,22,24,28]. However, study by Lloyd [45] has revealed that the
high strain-hardening rate in MMCs could not be sustained even in
coarse grained materials due to the activation of stress relaxation pro-
cesses including: (1) dislocation rearrangements; (2) interfacial sliding;
(3) diffusion; and (4) cavitation (particle cracking, interfacial de-
bonding, void formation in matrix). According to literatures [46,47]
and current results, fast grain refinement to the ultrafine-grained re-
gime can further boost these stress relaxation mechanisms due to active
GB activities, thus postponing the overall hardening effect in the Al-5%
TiB,/TiC MMC processed by HPT.

In conclusion, the hardness/strength evolution of an Al-5%TiB,/TiC
MMC with respect to increasing strain was a combined effect of
strain-hardening, GB-strengthening, and strengthening by hard parti-
cles. The presence of hard secondary phase particles accelerated disloca-
tion generation and accumulation until the average sub-grain size was
reduced below 1000 nm. Then, the small grain size began to suppress
dislocation slip, thus lowered the strain-hardening effect. Both disloca-
tion slip and GB activities contributed to the separation and redistribu-
tion of secondary phase particles, but GB activities took a major and long
lasting part. The reduced steady state grain size and homogeneously
distributed hard particles significantly increased the steady state hard-
ness (strength) of the MMC in comparison to CP-Al. The suppression
on strain-hardening due to fast grain size reduction at medium to high
strain level, postponed the overall hardening effect in the Al-5%TiB,/
TiC MMC. The postponed overall hardening effect, the significantly in-
creased steady state hardness and the additional strain required for
redistributing secondary phase particles, together lead to the signifi-
cantly prolonged microstructural evolution of the Al-5%TiB,/TiC MMC
under accumulative processing strain.
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