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Grain growth and dislocation density evolution in a nanocrystalline
Ni–Fe alloy induced by high-pressure torsion
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The structural evolution of a nanocrystalline Ni–Fe alloy induced by high-pressure torsion (HPT) was investigated. HPT-induced
grain growth occurred via grain rotation and coalescence, forming three-dimensional small-angle sub-grain boundaries. Further
deformation eliminates the sub-grain boundaries from which dislocations glide away on different {1 1 1} planes. A significant num-
ber of these dislocations come together to form Lomer–Cottrell locks that effectively increase the dislocation storage capacity of the
nanocrystalline material. These observations may help with developing strong and ductile nanocrystalline materials.
� 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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Ultrafine-grained (UFG, <1 lm) and nanocrys-
talline (nc, <100 nm) materials present significantly high-
er yield strength than their coarse-grained counterparts
due to the Hall–Petch effect [1,2]. However, the high yield
strength is usually achieved at the expense of the ductility,
and this can be exacerbated in nc alloys because of dimen-
sional limitations imposed on the generation and storage
of dislocations [1,2]. In particular, a fundamental reason
for the low ductility of UFG and nc materials is the lack of
strain hardening due to an inability to accumulate dislo-
cations because of their small grain sizes and saturation
of dislocations [2,3]. For example, unlike coarse-grained
materials, in which dislocation densities increase with
increasing strain [4], both molecular dynamics simula-
tions [5] and experiments [3,6] suggest that plastic defor-
mation normally does not increase the dislocation
density in nc materials. These difficulties in simulta-
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neously achieving high strength and good ductility in
UFG and nc materials severely limit the practical applica-
tions of the materials.

In recent years, significant efforts have been made to
improve the ductility of UFG and nc materials by restor-
ing the work hardening or dislocation storage capacity
within the materials through the introduction of bimodal
or multi-modal microstructures [7,8], pre-existing growth
twins [9], deformation twins [10,11], second phase precip-
itation [12,13] and phase transformations [14]. Many of
these methods effectively improve the ductility without
sacrificing the strength [7,10,11,13].

In a previous paper, we reported that severe plastic
deformation (SPD) of an nc Ni–Fe alloy resulted in an
increase in dislocation density [15]. This is important
when considering the possibility of applying SPD to
develop materials with exceptional strength and ductil-
ity. It is therefore important to understand the physical
mechanism underlying the increase in the dislocation
density in the nc material. It is well known that grain
boundary (GB)-mediated deformation mechanisms,
sevier Ltd. All rights reserved.
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Figure 1. Typical low-magnification TEM images of the as-deposited
material (a) and the edge of the 10-revolution HPT disc (b).
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such as grain rotation and GB sliding/migration, play a
dominant role in nc materials [16]. This is indeed the
case for the plastic deformation of the nc Fe–Ni alloy
[15,17], in which deformation-induced grain growth via
grain rotation and coalescence occurs during SPD. In
this study, a detailed X-ray diffraction (XRD) and trans-
mission electron microscopy (TEM) investigation was
conducted in order to obtain an understanding of the
relationship between grain growth processes and the
changes in dislocation density of an nc Ni-20 wt.% Fe
alloy. The results show that the grain growth mechanism
has a significant effect on the evolution of the dislocation
density. The three-dimensional small-angle sub-grain
boundaries formed during the grain rotation process
possess a high density of dislocations. Further deforma-
tion eliminates the sub-grain boundaries from which full
dislocations glide away on different {1 1 1} planes. As
the grain size increases to �50 nm, the dimensional lim-
itations imposed on dislocation behavior in nc material
are alleviated [18]. As a result, multiple slip systems are
activated, resulting in strong dislocation interactions
and the formation of Lomer–Cottrell (L–C) locks that
effectively increase the dislocation storage capacity of
the nc material. These observations indicate a disloca-
tion behavior transition from one that operates in nc
materials to one that occurs in coarse-grained materials
when grain sizes reach �50 nm.

The nc Ni-20 wt.% Fe alloy studied here was a non-
equilibrium supersaturated solid solution with a single
face-centred cubic (fcc) structure produced by electro-
chemical deposition [19]. The SPD was conducted with
a quasi-constrained high-pressure torsion (HPT) facility
[20] using discs with a diameter of �10 mm and a thick-
ness of �0.8 mm. These discs were subjected to 1=4-revo-
lution HPT under an applied pressure of 3 GPa and 2-,
5- and 10-revolution HPT under an applied pressure of
6 GPa using a rotation rate of 1 rpm. Although local
shear strain turbulence may exist during HPT processing
[21], the equivalent strain, e, in HPT is generally defined
as e ¼ 2pNr

ffiffi

3
p

h
, where r is the distance from the disc centre, h

is the thickness of the disc and N is the number of HPT
revolutions [20]. This relationship will be used for conve-
nience in the discussions in this paper.

The XRD measurements were performed using a Sie-
mens D5000 X-ray diffractometer on the central part
(d < 2.5 mm) and the edge part (2.5 mm < d < 5 mm) of
each disc. XRD peak broadening was used to evaluate
the crystalline grain size dXRD and microstrain <e2>1/2

using the Williamson–Hall integral-breadth method
[22]. The dislocation density, q, was estimated from the
simple approach of Williamson and Smallman [23] and
Smallman and Westmacott [24] using the following rela-

tionship: q ¼ 2
ffiffi

3
p

<e2>1=2

dXRDb , where b is the absolute value of

the Burgers vector ð1
2
Þ<1 1 0> of a full dislocation in the

fcc Ni–Fe alloy. The errors in these dislocation density
measurements were assessed by scanning each specimen
three times and were demonstrated to be less than 6%,
which is significantly smaller than the dislocation density
changes between different deformation stages.

Samples for TEM were prepared via standard tech-
niques [17] and experiments were performed using a
JEOL JEM-3000F operating at 300 kV. The average
grain sizes were statistically estimated by measuring at
least 200 grains with clear grain boundaries in bright-
field TEM images where the grains exhibit strong dif-
fraction conditions and therefore appear dark.

Based on the hardness evolution of HPT discs as a
function of imposed shear strain, which will be discussed
elsewhere because of the space limit of this paper, the
HPT deformation process is divided into stages I, II, III
and IV, which correspond to the equivalent strain regions
of 0–4.5, 4.5–20, 20–35 and 35–182, respectively. The
TEM measurements indicated that the average grain sizes
in these four stages were 22, 30, 35 and 50 nm consecu-
tively, revealing continuous grain growth with increasing
strain. Figure 1 provides typical low-magnification TEM
images of (a) the as-deposited material and (b) the edge
part of the 10-revolution HPT disc, which corresponds
to the region subjected to the largest plastic strain. A
uniform microstructure is observed in the as-deposited
material with an initial average grain size of �21 nm.
Figure 1b is evidence of significant grain growth after
HPT for 10 revolutions. A previous detailed TEM inves-
tigation on a similar material indicates that the grain
growth occurred via grain rotation and coalescence [17].

The XRD analysis was conducted for the as-depos-
ited material and HPT samples in the four deformation
stages. As shown in Figure 2a, all XRD diffraction
peaks were indexed based on the fcc Ni structure, indi-
cating that the HPT process did not introduce any phase
transformation. Dislocation densities calculated from
the XRD peak broadening and the average grain sizes
measured from TEM images at the four deformation
stages are summarized in Figure 2b. The average dislo-
cation density of the as-deposited material was 2.2 �
1015 m�2 and this increased to 3.6 � 1015 m�2 at defor-
mation stage I. The average dislocation density reached
a plateau of 5.8 � 1015 m�2 at deformation stage II, but
dropped sharply to 4.1 � 1015 m�2 at stage III, which
has a relatively narrow range of equivalent strain values
of �20–35. It is noted that the dislocation density at the
location where there exists an equivalent strain of �35
may be close to that of the as-deposited material because
of the equivalence in hardness measurements (not shown
here), but this speculation is difficult to confirm experi-
mentally due to the difficulty of conducting XRD on
very small amounts of material. The dislocation density



Figure 2. (a) XRD patterns obtained from the as-deposited material
and materials with deformation stages (I–IV). (b) Deformation stages,
average grain sizes and dislocation densities as functions of equivalent
HPT shear strain.

Figure 3. Typical high-resolution TEM images of grains at deforma-
tion stages III and IV and their corresponding Fourier-filtered images
obtained from the areas marked by white squares: dislocations are
indicated with white “T”. (a) and (b) are from deformation stage III,
(c) and (d) from deformation stage IV.
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increased again with further deformation, reaching the
second plateau of �6.0 � 1015 m�2 at stage IV.

Whereas the XRD data provide global information on
the average dislocation density, high-resolution TEM
images present local information on the spatial distribu-
tion of the dislocations. Detailed TEM investigations
revealed that the dislocations were distributed randomly
throughout grains at stages I, II and III. A typical
<1 1 0> zone-axis high-resolution TEM image from a
single grain at deformation stage III is provided in Figure
3a and the enlarged Fourier-filtered image in Figure 3b
was recorded from the region within the white square in
Figure 3a. Cores of dislocations are indicated by white
“T” in Figure 3b. By contrast, a typical high-resolution
TEM image of a grain at stage IV is provided in Figure
3c and its enlarged Fourier-filtered image in Figure 3d
was recorded within the white square in Figure 3c. These
images show that groups of closely positioned disloca-
tions are visible in deformation stage IV, clearly indicat-
ing that dislocation reactions and/or tangling occur at
this stage.

For nc grains with grain sizes <50 nm, grain bound-
aries usually act as dislocation sources and sinks [25]
so that dislocations form at one grain boundary segment
and glide through the grains to disappear at another
grain boundary segment on the other side of the grain.
The present experimental results suggest that a high den-
sity of dislocation sources exists at the grain boundaries
of the as-deposited sample. Therefore, the rate of dislo-
cation generation is relatively high in the initial stages of
deformation in the strain region of 0–20. The rise in the
dislocation density in the initial stage of plastic deforma-
tion indicates that the rate of dislocation generation is
higher than the rate of dislocation annihilation.

As predicted on the basis of molecular dynamics sim-
ulations [26], a high density of dislocations within nc
grains is very unstable and the dislocations tend to glide
towards, and disappear at, the grain boundaries when
an external force is available to activate dislocation slip
[27]. This seems to be the case in the Ni–Fe alloy studied
here. Further deformation of the material forces the dis-
locations, which are initially weakly pinned by solute
atoms, to disappear at the grain boundaries. The dislo-
cation density reduction seen in deformation stage III
suggests that the rate of dislocation disappearance at
grain boundaries surpassed that of dislocation genera-
tion, indicating a reduction in dislocation sources at
grain boundaries with continuing deformation. This re-
sult is consistent with the report that each dislocation
source at GBs operates only once and therefore the
amount of dislocation sources is reduced with contin-
uing deformation [18].

Consistent with previous observations [15,17], the
deformation process resulted in grain growth via grain
rotation and the formation of larger grains containing
high fractions of low-angle sub-grain boundaries with
high densities of misfit dislocations located at these sub-
grain boundaries [15]. With further development of
HPT processing, the misorientation angles between
neighbouring sub-grains decrease gradually to zero and
the dislocations that accommodate the misorientation
necessarily glide away [15,28]. This results in grain growth
to�50 nm and the activation of multiple slip on different
{1 1 1} planes because of the alleviation of dimensional
limitations imposed on dislocation behavior in nc grains
[18]. The sub-grain boundary dislocations, which exist
three-dimensionally [15] and slip on different {1 1 1}
planes, may meet, interact and tangle with each other,
increasing the dislocation density in the material, as is evi-
dent in the TEM image in Figure 3d. The experimental
results indicate a transformation of dislocation behavior
from one that operates in nc materials to one in coarse-
grained materials when the grain sizes reach �50 nm.

It has been reported that the existence of a high den-
sity of dislocations on two inter-crossing {1 1 1} planes
provides a high probability for the formation of Lo-
mer–Cottrell locks, each of which is formed by the reac-
tion of two leading partials from two dissociated lattice
dislocations on two intersecting slip planes [29]. Figure 4



Figure 4. A typical Fourier-filtered high-resolution TEM image
showing the formation of L–C locks at deformation stage IV: Burgers
circuits are drawn in the image.
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shows a typical high-resolution TEM image that pro-
vides evidence of L–C lock formation at deformation
stage IV. Noting that the image in Figure 4 was recorded
along the [1 1 0] direction, the two {1 1 1} plane groups
in the image can be indexed as ð111Þ and ð111Þ, respec-
tively, and the <1 1 0> direction indicated in Figure 4 is
½110�. It should be noted also that a lattice dislocation in
an fcc metal is normally dissociated into two 1/6 <1 1 2>
type partial dislocations. For example, a lattice disloca-
tion with the Burgers vector of 1

2
½011� on ð111Þ is disso-

ciated into 1
6
½112� þ 1

6
½121� and a lattice dislocation with

the Burgers vector of 1
2
½101� on ð111Þ is dissociated into

1
6
½211� þ 1

6
½112�. When the two lattice dislocations meet

at an intersection of the ð111Þ and ð111Þ, the two leading
partials interact and form a stair-rod dislocation
1
6
½121� þ 1

6
½211� ! 1

6
½110�. Together with the other two

partial dislocations, this forms an L–C lock structure
[29]. The overall Burgers vector of the L–C lock is
1
2
½110�, which is clearly evident in Figure 4. Because

the L–C lock structure is extended on two {1 1 1}
planes, it provides a strong barrier to dislocation glide
[29] and leads to a significant accumulation of disloca-
tions in the nc Ni–Fe alloy in stage IV. Note that reac-
tions between different combinations of partials from
two slip planes can lead to various types of stair-rod dis-
locations [29]. In this study, careful observations show
that large numbers of dislocations lying on different
{1 1 1} planes are closely positioned at deformation
stage IV, and many of these dislocations form L–C
locks. The formation of a high density of L–C locks hin-
ders the motion of dislocations severely, which increases
the dislocation density and may contribute significantly
to both strength and ductility.

In summary, the dislocation density decreases due to
dimensional limitations of the nc material after reaching
a saturation condition at the initial stages of deforma-
tion. The formation of large numbers of L–C locks,
which is a direct consequence of the deformation-in-
duced grain growth and the transition of dislocation
behavior when grain sizes reach �50 nm, is responsible
for a subsequent increase in the dislocation density,
which may increase significantly the dislocation storage
capability and potentially help with achieving good duc-
tility as well as strength in the material.
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