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A B S T R A C T   

Ultrafine grained (UFG) metals and alloys typically exhibit mechanical and thermal instabilities, partially due to 
the high density of lattice defects, which limits their engineering applications. Annealing represents a simple and 
effective way to regain strain hardening, ductility and thermal stability, and stabilize the UFG structures. In this 
study, we systematically investigated the mechanical behavior, microstructural evolution, fracture and defor-
mation mechanisms of UFG Al during recovery via low-temperature annealing. More specifically we report that 
low-temperature annealing at 250 �C for 20 min increased the ultimate tensile strength by 10% from 190 to 208 
MPa and tensile ductility by 50% from 4.5 to 6.8% without any changes in yield strength (180 MPa). Micro-
structural analyses indicate that the annealing increased the average grain size from 740 to 840 nm, dislocation 
density decreased from 5 � 1014 m-2 to 1 � 1014 m-2, while the nature of the grain boundaries and associated 
precipitated phases remained unchanged. Moreover, annealing led to modification of statistically stored dislo-
cations into low-energy dislocation walls (sub-grain boundaries). Results from the fracture surface morphology 
indicated that the enhanced ductility of the annealed sample was related to the activation of numerous homo-
geneous micro shear bands, which were controlled by cooperative grain boundary sliding. These observations 
suggest that the dislocation walls formed during recovery promoted the formation of micro shear bands/coop-
erative grain boundary sliding and thereby enhanced the ductility.   

1. Introduction 

Over the past few decades, bulk nanostructured (NS) and ultrafine 
grained (UFG) metals and alloys have attracted considerable attention, 
partially due to interesting scientific issues related to their mechanical 
behavior and deformation mechanisms. From an engineering perspec-
tive, the high strength of bulk NS and UFG materials is resulted from 
high density of lattice defects such as grain boundaries (GBs), triple 
junctions and dislocations, which are typically 5–10 times higher than 
those of conventional materials of similar composition, leading to 
interesting possibilities related to structural applications [1]. However, 
inspection of the scientific literature reveals that high strength is often 
achieved at the expense of ductility [2,3] and thermal stability [4–6]. In 
fact, the reported mechanical (e.g., premature necking) and thermal 

instabilities (e.g., grain coarsening) are considered to be the major 
roadblocks that limit the widespread applications of NS materials. In 
response to these challenges, various strategies and techniques have 
been proposed and investigated in an effort to address the issues of low 
ductility [2,7–11] and thermal stability [12–19], with each technique 
having its own advantages and limitations. Among these techniques, 
annealing is perhaps the simplest and most widely applicable approach 
for improving ductility, especially for NS and UFG materials processed 
by severe plastic deformation (SPD) [20,21]. SPD processed materials 
typically have high dislocation densities and non-equilibrium GBs [1], 
making annealing an obvious approach for modifying their micro-
structures and mechanical behavior. 

Inspection of the literature indicates that annealing NS and UFG 
materials results in the following four trends in strength and ductility: (i) 
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increasing both strength and ductility [22–27], (ii) increasing ductility 
by sacrificing strength [28–38], (iii) increasing strength with loss of 
ductility [39], and (iv) decreasing both strength and ductility [40]. 
Examples of case (i) can be found in age-hardened NS alloys such as 
6061 Al [23], 7075 Al [24], 2219 Al [25], 2024 Al [26], Cu–Cr–Zr alloys 
[27]. Annealing engineered high-density second-phase precipitates into 
NS and UFG matrix and lowered dislocation density. The second-phase 
precipitates resulted in strength increase, and both the second-phase 
precipitates and the dislocation density reduction resulted in increase 
in strain hardening capability and ductility. In addition, Valiev et al. 
[22] reported that low-temperature annealing led to increases in both 
strength and ductility in commercially pure (CP) NS Ti. After annealing 
at 300 �C for 10 min, the yield strength of NS Ti was increased by 30% 
from 800 to 1040 MPa and the ductility was increased from 12% to 21%. 
The authors attributed the ductility increase to annealing-induced defect 
ordering at non-equilibrium GBs, which was argued to enhance GB 
sliding [22]. Examples for the case (ii) have been documented for 
single-phase NS metals and alloys, such as CP Al [28], 5754 and 5083 
Al–Mg alloy [29–31], Cu [32–36], Ni [37], and ferrite/cementite steel 
[38]. In these materials, annealing gradually decreased strength and 
increased ductility by introducing microstructural recovery, recrystal-
lization and grain growth. An example of case (iii) was reported for NS 
CP Al prepared by accumulative rolling bonding (ARB) process [39]. In 
this study, annealing at 150 �C for 30 min increased the yield strength 
from 259 to 281 MPa and decreased the ductility from 7 to 1.8%. The 
authors argued that annealing induced reduction in the generation and 
interactions of dislocations. Finally, an example of case (iv) was reported 
for electrodeposited NS Ni sample [40]. In this study, annealing 
decreased both strength and ductility. The decrease in ductility of the 
electrodeposited Ni (which had a bimodal grain size distribution) was 
attributed to the segregation of S and P impurities to GBs, which caused 
GB de-cohesion and interfacial embrittlement. 

From an engineering standpoint, case (i) represents the best-case 
scenario; however, available results are limited to age-hardened NS al-
loys. In the case of single-phase NS and UFG metals and alloys, examples 
of case (ii) are more common. As mentioned above, there is one specific 
example, that is, case (i) was achieved in single-phase UFG CP Ti [22]. 
UFG CP Ti exhibits increase in both strength and ductility via 
low-temperature annealing [22]. However, it is evident that an in-depth 
understanding of the deformation mechanisms that are responsible for 
such a phenomenon remains to be established. 

For conventional CG materials, GB sliding, as a high-temperature 
diffusion-controlled deformation process, usually occur when homolo-
gous temperature (T/Tm, Tm is the melting point) is larger than 0.5. It is 
reasonable to anticipate that room temperature may be too low for the 
occurrence of any significant sliding in NS and UFG materials. Examples 
of case (iii) and case (iv) behavior might be related to the specific syn-
thesis methods that introduced impurities during material preparation. 
The impurity segregation to GBs during annealing might result in the 
observed strength and ductility changes. In one example of case (iii) 
behavior, the dramatic ductility decrease in UFG Al was attributed to a 
decrease in dislocation density [39]; however, this argument contradicts 
the general trend associated with case (ii). In a recent work by Zhao et al. 
[41], it was reported that lower dislocation density favors the ductility 
of the pure UFG Cu with clean GBs prepared by high pressure torsion 
(HPT). However, it is important to note that in this case the UFG Cu 
sample with higher ductility also contained a larger fraction of 
high-angle GBs, which complicated the analysis. 

In view of the above discussion, the objectives of the present study 
are threefold. First, to further confirm the simultaneous increase in 
strength and ductility by annealing (case (i)) in single-phase NS mate-
rials. Second, to provide fundamental insight into the underlying origin 
of the microstructural and deformation mechanisms that governs such 
behavior. Third, to clarify the influences of dislocation density and 
configuration on the ductility of UFG metals. In this work, we selected 
1050 Al alloy as our model materials given that there have been 

numerous published studies on UFG 1050 Al. In addition, we selected 
equal-channel angular pressing (ECAP) as a preparation method to avoid 
the introduction of impurities and to generate GBs that are relatively 
free of impurities. 

2. Experimental materials and procedures 

2.1. Sample preparation 

Commercially pure (99.5 wt%) 1050 Al square bars (12 � 12 mm) 
were used for ECAP experiments. Chemical analysis indicates that the 
main alloying elements are Fe and Si, as listed in Table 1. 

Al square bars were processed using ECAP at ambient temperature by 
route A for 8 passes (henceforth designated as the sample A). The ECAP 
die has an L-shape channel with an intersecting channel angle of 90� and 
an outer-arc angle of 45�, which imposes an effective strain of approx-
imately 1 per ECAP pass. In route A, the sample was not rotated between 
adjacent passes. The sample A was then annealed at 250 �C for 20 min 
(designated as sample A-anneal) under Ar atmosphere. 

2.2. Tensile testing 

Flat dog-bone tensile specimens with gauge dimensions of 10 � 1 �
2 mm3 were sectioned by electrical discharge machining (EDM) from the 
central regions of the UFG 1050 Al bars with the gauge axis parallel to 
the extrusion direction and the gauge flat surface parallel to top plane of 
the extrusion bar (e.g., Z plane as defined in Ref. [42]). All tensile 
specimens were polished before testing using a diamond suspension 
with particle size of 0.25 μm. Three samples were prepared for each state 
in order to ensure reproducibility. Uniaxial tensile tests were performed 
at room temperature on an Instron 8801 universal testing machine 
(UTM) using Bluehill 2 software with an initial quasi-static strain rate of 
10-3 s-1. The strain was measured using a standard non-contacting video 
extensometer with a 100 mm field-of-view lens. 

2.3. Microstructure characterization 

Microstructures of the Al samples after ECAP and after annealing 
were characterized using electron backscattered diffraction (EBSD), 
transmission electron microscopy (TEM), energy-dispersive X-ray spec-
troscopy (EDX) mapping, X-ray diffraction (XRD), scanning electron 
microscopy (SEM) and atomic force microscopy (AFM) measurements. 
The grip sections of the tensile specimens were used for EBSD, TEM, EDX 
and XRD examinations. TEM observation was carried out on a Philips 
CM12 microscope operated at 100 kV. To prepare TEM specimens, the 
grip sections of the tensile specimens were polished into thin foils with 
thicknesses of about 50 μm. The thin foils were twin-jet electro-polished 
by a solution of 25 vol% nitric acid þ75 vol% Methanol for 2 min at a 
voltage of 15 V and a temperature of 238 K. The EDX mapping was 
performed on a JOEL 2500 transmission electron microscope operating 
at 200 kV. 

Quantitative EBSD measurements were carried out on a TSL OIM 
system on a Philips XL30 FEG SEM with step sizes of 50–150 nm. 
Boundary structures of the two samples are analyzed using EBSD. 
Quantitative XRD measurements were performed on a Scintag X-ray 
diffractometer equipped with a Cu target operating at 1.8 kW to estimate 
the dislocation density. The θ-2θ scans were conducted at room tem-
perature at a scan speed of 1�/min. Pure aluminum annealed at 673 K 

Table 1 
Chemical compositions of the as-received AA1050 Al alloy analyzed in Luvak 
Inc. (Boylston, MA). The analysis method is direct current plasma emission 
spectroscopy – ASTME – 1097-03. The main alloying elements are Fe and Si.  

Wt.% Si Fe Cu Mn Mg Zn Ti Al 

Luvak Inc. 0.08 0.31 0.003 0.036 0.004 0.009 0.008 99.5  
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was used as an XRD peak-broadening reference for both grain size and 
microstrain calculations [43–45]. The peak parameters (peak intensity, 
peak-maximum position, full width at half maximum and integral 
breadth) were determined by fitting a Pearson VII function to the 
measured peaks [43–45]. The fracture surface and morphology was 
imaged by a FEI-XL30 SFEG SEM using a 25 kV beam and a Nano-
scope®IIIa Scanning Probe Microscope operating in a tapping mode. 

2.4. XRD data evaluation 

On the basis of an XRD peak broadening method, the grain size and 
microstrain as well as dislocation density of the Al samples after ECAP 
and after annealing were calculated. Specifically, integral width was 
used to characterize the peak broadening. The measured intensity pro-
file of the Bragg reflection is a convolution of the physical intensity 
profile with an instrumental broadening profile. The instrumental 
broadening profile determined by means of coarse-grained Al reference 
sample is revealed as to be a Gaussian type [43]. The measured profile of 
the Bragg reflection in the Al samples A and A-anneal possesses pri-
marily a Lorentzian component. By supposing that the physical profiles 
of the Al samples A and A-anneal are primarily a Lorentzian type, the 
physical intensity profile can be separated by removing the instrumental 
broadening effect from the measured intensity profile. The physical 
broadening profile can be considered as the convolution of the grain-size 
broadening profile (usually represented by a Lorentzian function [46]) 
with that of the microstrain broadening (a Gaussian function [47]). Then 
from the integral width of the physical broadening profile, the grain size 
and the microstrain of the sample can be calculated in terms of the 
Scherrer and Wilson equation [47]: 

β2
hkl

tg2θhkl
¼

λβhkl

Dhkltgθhkl sinθhkl
þ 16 < ε2

hkl>
1=2; (1)  

where Dhkl and < ε2
hkl>

1=2 represent the thickness and the mean 
magnitude of microstrain of the grains in the <hkl> direction, respec-
tively. λ is the wavelength of Cu Kα1 irradiation. By performing a least- 
square fit to β2

hkl /tg2θhkl plotted against λβhkl/(tgθhklsinθhkl) for all of the 
measured peaks of the samples, the mean grain size D and the mean 
microstrain < ε2>1=2 can be determined. Standard linear regression 
techniques provide an estimate for the uncertainty in the parameters 
from the error in the fit [48]. Dislocations density ρ can be represented 
in terms of D and < ε2>1=2 by Ref. [49]: 

ρ¼ 2
ffiffiffi
3
p

< ε2>1=2
.
ðD * bÞ; (2)  

where b is the Burgers vector of dislocations, and equals 0.2863 nm for 
Al. 

Determination of the lattice parameters in Al samples after ECAP and 
after annealing includes two stages. First, λka2 component was removed 
from the XRD profiles by the modified Rachinger method [50,51]. 
Second, the lattice parameters of the Al samples after ECAP and after 
annealing were calculated from the intensity peak centroid positions. In 
order to minimize the system error, the external standard method using 
a pure Si polycrystal was employed to calibrate the peak positions. The 
calibration function was:  

Δ2θ ¼ α þ βcosθ þ γsinθ,                                                                (3) 

where α relates to 2θ-axis origin displacement, β relates to eccentricity 
between the sample and goniometer center axis, and γ relates to the 
sample flatness or absorption. 

3. Results 

3.1. Mechanical properties 

The representative engineering stress–strain curves of the UFG 1050 
Al samples A and A-anneal are compared in Fig. 1. It is apparent that 
sample A has a yield strength value of 180 MPa, and that annealed 
sample A did not change its yield strength, but evidently increased its 
ultimate tensile strength by 10% from 190 � 5 MPa to 208 � 5 MPa. 
Necking was evident in both samples shortly after yielding, leading to a 
dominant post-necking elongation contribution to the elongation to 
failure. Sample A has a uniform elongation of about 0.9%, and annealing 
increased this value slightly to 1.4%. After the onset of necking, the 
reduction in the stress versus strain curve (strain-hardening rate) in the 
sample A-anneal was slower than that in sample A, resulting in a larger 
elongation to failure of 6.8 � 0.5%. The elongation to failure of sample A 
is 4.5 � 0.5%. 

3.2. Microstructures 

3.2.1. Grain size and distribution 
Quantitative EBSD results are shown in Figs. 2 and 3 from repre-

sentative regions of samples A and A-anneal. From Fig. 2, it is apparent 
that the plastic deformation induced by ECAP in samples A and A-anneal 
was not uniform, resulting in a mixture of micron and sub-micron sized 
grains. Moreover, there are numerous fine sub-micron grains (with a size 
less than 250 nm) distributed at the GBs of micrometer or sub- 
micrometer grains. The fine sub-micrometer grains are likely to have 
formed as a result of dynamic recrystallization during ECAP processing 
and annealing (for sample A-anneal), as verified by TEM results pre-
sented in the next section. The above results were further confirmed by 
the grain size distribution histograms, as shown in Fig. 3(a). Both sam-
ples have grain size distributions that can be described as bimodal (i.e., a 
mixture of fine sub-micron grains and sub-micro/micron grains). 
Annealing sample A slightly shifted the histogram to a larger grain sizes 
and reduced its fraction of fine sub-micron grains from 4.0 to 2.5% due 
to limited grain growth. The grain sizes were determined using a 5�

minimum misorientation boundary criterion. The average grain size, 
calculated as an equivalent diameter derived from area orientation 
measurements, is 740 nm for sample A and 840 nm for sample A-anneal, 
as listed in Table 2. The discrete step size used for EBSD mapping based 

Fig. 1. Tensile engineering stress-strain curves of the UFG AA1050 Al samples 
A and A-anneal at a strain rate of 10-3 s-1. The inset shows fractured tensile 
specimens with gauge dimensions of 10 mm � 2 mm � 1 mm. 
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the statistics against any remnant grains smaller than approximately 
150 nm. The grain size calculated from XRD results are 210 � 20 nm and 
250 � 20 nm for samples A and A-anneal, respectively, which are 
smaller than those values from EBSD because XRD calculates the sub-
grain/domain size. Nevertheless, the grain sizes of samples A and A- 
anneal are comparable. 

3.2.2. Grain boundaries 
The GB misorientation angle distributions, determined using EBSD 

are shown in Fig. 3b. Boundaries with misorientation angles above 15�

are generally defined as high-angle GBs (HAGBs), and low-angle GBs 
(LAGBs) have misorientation angles smaller than 15� [52]. Considering 
all boundaries with misorientations >2�, sample A has 73% of HAGBs. 
Annealing sample A did not significantly change its HAGB fraction 
(75%). The various peaks observed in the sample misorientation angle 
distributions have three potential sources. First, the deformation texture 
component developed during the ECAP process may yield preferred 
misorientations at 35.3�, 35.6�, 43�, 45�, 46�, and 54.7� [53]. Second, 
there may be pre-existing Σ3 (60�), Σ27a (31.6�), and Σ27b (35.4�) 
coincident-site lattice (CSL) boundaries that are evolved from the 
recrystallized twin population and associated boundary reaction net-
works within the initial microstructure [54]. Third, CSL boundaries may 
have developed from twin growth related to partial recrystallization 
during the ECAP deformation. From the insets in Fig. 3(a, b), annealing 
did not change the pole figure/texture of sample A. 

3.2.3. Dislocations 
TEM observations indicated that statistically stored dislocations 

(such as entangled dislocations, dislocation forests and discrete single 
dislocations) were frequently observed in grains in sample A (marked by 
white and black arrows in Fig. 4a and b), but rarely in sample A-anneal 
(Fig. 4c), indicating a much higher statistically stored dislocation den-
sity in sample A. In contrast, sub-GBs were readily apparent in sample A- 
anneal (as pointed by white arrows in Fig. 4c). This result suggests that 
annealing sample A annihilated the dislocation forests and tangled dis-
locations via forming sub-GBs within grains. The sub-GBs are revealed as 
polygonized dislocation walls (PDWs) with low misorientation angles, 
as shown in Fig. 4d. The wavy and diffuse GBs in sample A and A-anneal 
were caused by small orientation variations among the grains/sub- 
grains (Fig. 4a and c). 

The microstrain, analyzed by X-ray diffraction (XRD), was 0.87 �
0.08% and 0.21 � 0.02% in sample A and A-anneal, respectively. The 
dislocation densities in sample A and A-anneal, were then calculated as 
5.0 � 0.5 � 1014 m-2 and 1.0 � 0.2 � 1014 m-2, respectively, further 
confirming the TEM observations. The fine sub-micrometer grains 
marked by black arrows in Fig. 4c are thought to form as a result of 

Fig. 2. EBSD crystal orientation maps of the UFG AA1050 Al samples A (a) and 
A-anneal (b). 

Fig. 3. The grain size (a) and grain boundary misorientation angle (b) distri-
butions of the UFG AA1050 Al samples A and A-anneal measured by EBSD 
mapping. The insets in (a) and (b) are pole figures of samples A and A-anneal, 
respectively. 
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recrystallization due to their large orientation differences from their 
surrounding matrix. 

3.2.4. Solid solution and precipitates 
Fe and Si atoms are the primary solutes in the commercial purity Al 

and their contents are 0.08 Si, 0.31 Fe wt.%, respectively. However, at 
ambient temperature only small amounts of Si and Fe are soluble in Al: 
1.65 wt% for Si and 0.052 wt% for Fe. Therefore, the additional 0.164 wt 
% Fe will be transformed into 2nd phase precipitates [55,56]. 

Careful TEM observations revealed the presence of second phase 
precipitates with a globular morphology that were heterogeneously 
distributed in the Al matrix of both as-ECAP-processed and annealed 
samples. However, the density of these precipitates is very low, and the 
average distance between precipitates is about several tens of micro-
meters for both samples. EDX mapping indicates that these precipitates 
are enriched in Fe, Si, and Si and O in both annealed and un-annealed 
samples, as shown in Figs. 5–9. These precipitates have sizes ranging 
from several tens of nanometers to several hundreds of nanometers. XRD 
measurements indicate that these particles are cubic Al4Si, triclinic 
AlSi2O10 and cubic AlFe3 second phases, as shown in Fig. 10. Since we 
used the same areas for XRD scanning for both the annealed and un- 
annealed samples, the XRD peak intensity of the second phase parti-
cles corresponds to their volume fractions. From Fig. 10, it is evident 
that annealing did not affect the volume fraction of precipitates, at least 
on the basis of the resolution of XRD. Overall, the amount of second 
phase particles remained very small in all samples studied. On the basis 
of XRD results, the annealed and un-annealed samples have Al matrix 

Table 2 
A list of microstructures of samples A and A-anneal: average grain size, D, fraction of fine sub-micron grains, Ffg, grain size distribution, Dd, fraction of high-angle GBs, 
FHAGBs, dislocation density, ρ, dislocation configurations.  

Samples D (nm) Ffg (%) Dd FHAGBs (%) ρ (1014 m-2) dislocation configurations 

A 740 4.0 Bi-modal 73 5 Statistically stored dislocations 
A-anneal 840 2.5 Bi-modal 75 1 Geometrically necessary dislocations  

Fig. 4. TEM images of the UFG AA1050 Al 
samples A (a,b) and A-anneal (c,d). Dislocation 
forests and tangle in sample A were marked by 
white arrows in Fig. 4a and b, and discrete single 
mobile dislocations were marked by black arrows 
in Fig. 4b. The sub-grain boundaries in sample A- 
anneal were pointed by white arrows in Fig. 4c. 
The black arrows in Fig. 4c show the recrystal-
lized fine sub-micron grains. Fig. 4d shows pol-
ygonized dislocation walls (PDWs) forming a 
sub-grain boundary, as pointed by white arrows.   

Fig. 5. Energy-dispersive X-ray spectroscopy (EDX) mapping of sample A. (a) 
Base image of EDX mapping, (b)–(e) EDX mapping of elements Al, Fe, Si. There 
is a region enriching Fe. 
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lattice parameters of 0.4049 � 0.0002 nm and 0.4045 � 0.0002 nm, 
respectively, which are comparable with that of the pure Al (0.4049 �
0.0002 nm), and may be rationalized on the basis of a solid solution. The 
fact that both as-ECAP-processed and annealed samples exhibited 
comparable lattice parameters further confirms the prior observation 
that a 20 min anneal did not significantly alter either the solid solution 
or the volume fraction of precipitates. Moreover, energy-dispersive X- 
ray spectroscopy (EDX) mapping did not find GB segregation prior to 
and following annealing. These results suggest that the main influence of 
the annealing step was to promote recovery of the dislocation structure 
(e.g., reduce dislocation density and alter dislocation configuration), 
and hence did not result in evident grain growth, texture change, or 
composition/2nd-phase particle changes. 

3.3. Fracture morphologies 

To provide insight into mechanical behavior and establish a rela-
tionship between microstructures and mechanical properties, we stud-
ied the fracture mode and fracture surface morphology using SEM. 
Fig. 11 shows the SEM images of the macro- and micro-scale fracture 
surfaces of sample A (a,b) and A-anneal (c,d). Both as-ECAP-processed 
and annealed Al samples fractured via ductile mechanisms, as verified 
by their large area reduction of fracture surfaces, A, and the numerous 
dimples over the entire fracture surface. From the macro-scale SEM 
images in Fig. 11(a) and (c), the fracture surface area reduction was 
40.2% and 42.5% for the as-ECAP-processed and annealed Al samples, 
respectively, as listed in Table 3. The difference of A values between the 
two samples is so small that it falls within measurement error bar. From 
the micro-scale SEM images in Fig. 11(b) and (d), homogeneously 
distributed honeycomb-like dimples were observed to range from 1 to 

about 10 μm. Moreover, the dimples in both samples are elongated due 
to void nucleation and subsequent coalescence via shear fracture, as 
verified by the following results. There is no evident difference in the 
dimples between the as-ECAP-processed and annealed Al samples. 

Fig. 12 shows the macro-scale side-view SEM images of the as-ECAP- 
processed (a) and annealed (b,c) Al samples. Both samples fail in a shear 
fracture mode with a shear fracture angle θ (the angle between the 
fracture surface and tension axis) of about 49� for the as-ECAP-processed 
Al sample and 53� for the annealed Al sample, as listed in Table 3. The 
shear fracture can be attributed to the nanostructures, which resulted in 
a decreased ratio of the average critical normal fracture stress to shear 
fracture stress [57]. 

3.4. Deformation mechanisms 

3.4.1. Observation of deformation via SEM 
To further understand the mechanical behavior and fracture mech-

anisms, we carried out both SEM and AFM to reveal deformation 
mechanisms of the UFG Al samples. Fig. 13 shows the macro- (a,d) and 
micro-scale (b,c,e,f) face-view SEM images of the as-ECAP-processed (a- 
c) and annealed Al samples (d-f). Careful observation on the sample 
surface revealed numerous localized plastic deformation markings or 
traces parallel with each other near the fracture edge within the necking 
zones. Several published studies reported similar deformation traces in 
UFG Al [58,59], Al6082 alloys [60], Ni [61], and Cu [62], and these 
were described as microscopic or mesoscopic shear bands or shear 
planes. The orientations of these shear bands changed gradually from an 
angle of about 45� to the tensile axis to an angle of 90� from positions 
close to the sample sides to sample center (Fig. 13b and c, 13d and 13e). 
The distances between shear bands vary from several micrometers to 
several tens of micrometers, and the lengths of the shear bands extend 

Fig. 6. Energy-dispersive X-ray spectroscopy (EDX) mapping of sample A. (a) 
Base image of EDX mapping, (b)–(f) EDX mapping of elements Al, Fe, Si, Mn 
and O. There are regions enriching Si. 

Fig. 7. Energy-dispersive X-ray spectroscopy (EDX) mapping of sample A. (a) 
Base image of EDX mapping, (b)–(f) EDX mapping of elements Al, Fe, Si, Mn 
and O. There are regions enriching Si and O. 
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from several micrometers to one hundred micrometers. The shear bands 
disappeared gradually when leaving the necking regions to the uniform 
deformation regions. By comparing the shear bands of the 
ECAP-processed and annealed Al samples, one can see the shear bands 
are much coarser in the as-ECAP-processed Al sample than in the 
annealed Al sample. This suggests that the formation of the high density 
of fine shear bands may have enhanced the plastic deformation capa-
bility and overall tensile ductility. 

The length and distance of the micro shear bands are about several 
tens of grain size (700–800 nm). It means that localized plastic defor-
mation is not confined to the grain interior and developed on a greater 
scale and suggests an operative fracture mechanism involving cooper-
ative deformation in multiple grains [62,63], which will be discussed in 
details in the following discussion part. The above observations also 
suggest that the annealed microstructures favor the formation of micro 
shear bands, resulting in the larger post-necking elongation. 

3.4.2. Three-dimensional analysis of the surface by AFM 
To further characterize the nature of the shear bands, AFM analysis 

was performed. Fig. 14 show representative fragments of the surface 
tomography from face-view of the deformed and un-deformed as-ECAP- 
processed and annealed Al samples. Qualitative and quantitative ana-
lyses of the AFM images provided results similar to those obtained from 
the SEM images. The surface of the un-deformed as-ECAP-processed Al is 
smooth with few scratches with depth of several tens of nanometers 
introduced by the final polishing process, as shown in Fig. 14(a,b). After 
tensile deformation, extensive shear bands throughout the necking zone 
are clearly seen. There appear numerous intruded grooves on the tensile 
specimen’s surface near the fracture edge, as shown in Fig. 14(c–f) for 
the as-ECAP-processed Al sample. The depth of these grooves could be in 

Fig. 8. Energy-dispersive X-ray spectroscopy (EDX) mapping of sample A- 
anneal. (a) Base image of EDX mapping, (b)–(f) EDX mapping of elements Al, 
Fe, Si, Mn and O. There is a region enriching Si. 

Fig. 9. Energy-dispersive X-ray spectroscopy (EDX) mapping of sample A- 
anneal. (a) Base image of EDX mapping, (b)–(i) EDX mapping of elements Al, 
Fe, Si, Mn, O. There are regions enriching Si and O. 

Fig. 10. XRD patterns of samples A and A-anneal. Both samples have cubic 
Al4Si, triclinic AlSi2O10 and cubic AlFe3 precipitates. Since we used the same 
areas for XRD scanning for both annealed and unannealed samples, the XRD 
peak intensity of the 2nd-phase particles corresponds to their volume fractions. 
From Fig. 10, after annealing the volume fraction of precipitates was 
not changed. 
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micrometer range, and the distance between the neighboring grooves 
ranges from several micrometers to several tens of micrometers, 
consistent with the size of shear bands observed by SEM. 

In addition, AFM images also revealed many spherical extruded 
particulates located at the grooves in Fig. 14(e) and (f). These particu-
lates have height of several hundreds of nanometers, and sizes ranging 
from several hundreds of nanometers to several micrometers, the same 
size range as the grains. The extruded particulates suggest that there 
might exist displacements between two adjacent grains along their 

Fig. 11. SEM images of the fracture surfaces of the as-ECAP’ed (a,b) and annealed Al (c,d). (a,c) Lower magnification, (b,d) higher magnification to show dimples.  

Table 3 
A list of microstructures of samples A and A-anneal: precipitates, area reduction 
of fracture surface, A, shear fracture angle, θ.  

Samples Precipitates A (%) θ (�) 

A Al4Si, AlSi2O10, AlFe3 40.2 49 
A-anneal Al4Si, AlSi2O10, AlFe3 42.5 53  

Fig. 12. SEM images from side-view of the as-ECAP’ed Al (a) and annealed Al specimens (b,c) to show shear fracture. Image (c) was obtained from the opposite side 
of the tensile specimen shown in (b). 
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boundaries. The mutual GB displacement can be identified as GB sliding, 
which is an essential mechanism during creep and superplasticity and is 
particularly effective at elevated temperatures [62,63]. Similar grooves 
and particulates were also found in the annealed Al sample, as shown in 
Fig. 14(g and h). The depth of the grooves and neighboring groove 
distance of the annealed Al are much smaller than that of the 
as-ECAP-processed Al sample, agreeing with the SEM observations. 

4. Discussion 

4.1. Microstructure-property relationship 

Tables 2 and 3 reveal that annealed sample A significantly lowered 
its statistically stored dislocation density and slightly increased its 
average grain size, which are anticipated to decrease the yield strength. 
However, the above loss in yield strength might be compensated by 
dislocation configuration changes [39,64], resulting in unchanged yield 
strength. Annealing transformed statistically stored dislocations into 
low-energy polygonized dislocation walls (PDWs), and hence a higher 
stress was needed to activate new dislocations [39,64]. In addition, it is 
also possible that some impurities diffused to the dislocation cores 
during the annealing, which will pin the dislocations. GB segregation is a 
very common phenomenon in UFG/NS materials because of enhanced 
diffusivity along GBs [65,66], and it has been reported to increase the 

yield strength of NS Ni–Fe alloys [67]. However, there is no GB segre-
gation detected in the present work and the reasons might be (i) the Si 
(0.08 wt%) and Fe (0.3 wt%) amounts are too low to detect, or (ii) there 
is no GB segregation considering Fe and Si formed second phases and the 
lattice of Al matrix is close to that of pure Al. 

The enhancement in ductility and strain hardening by annealing 
might be rationalized on the basis of two factors. First, the presence of a 
low density of statistically stored dislocations, or low-energy dislocation 
configuration, and second, grain growth. The evident strain hardening 
in the uniform elongation segment of sample A originated from small 
amount of large micrometer-sized grains (as shown in Fig. 2), which still 
possess further dislocation accumulation capacity. Annealing sample A 
further recovered the strain hardening ability of micrometer grains, 
resulting in evident increase in uniform elongation [28,68]. The domi-
nant post-necking elongation in both samples A and A-anneal was 
caused by geometrical/localized instability due to insufficient strain 
hardening/dislocation accumulation capability in UFG grains during 
tension [28,68]. Annealing resulted in an enhancement in hardening 
rate and a reduction in dynamic recovery rate of UFG grains by anni-
hilating and stabilizing the statistically stored dislocations and therefore 
increased the post-necking elongation. 

Fig. 13. SEM images from face-view of the as-ECAP’ed Al (a–c) and annealed Al (d–f) to show micro shear bands. (a,d) Lower magnification, (b,c,e,f) higher 
magnification to show shear bands near specimen sides (b,e) and close to the centers (c,f), respectively for the as-ECAP’ed Al (b,c) and annealed Al (e,f). 
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4.2. Deformation mechanisms 

After numerous investigations on the deformation mechanisms of NS 
and UFG materials via experiments, molecular dynamic (MD) simula-
tions and other modeling efforts in last several decades, the deformation 
mechanisms of NC and UFG materials have been reported to include GB- 
mediated deformation such as GB sliding [69–74], grain rotation 
[75–78], stress-driven GB migration [79–83], GB diffusion [61,63, 
84–86], partial dislocations from GBs [87], deformation twinning [88] 
besides the conventional slip of lattice dislocations [89,90]. As known, 

the conventional dislocation slip dominates plastic deformation of 
coarse-grained metals. As a result of GB-mediated deformation, grain 
growth or coalescence usually occurred [91–93]. Nevertheless, NC and 
UFG materials have revealed a significant decrease in ductility at room 
temperature due to decreased strain hardening capability [94]. In the 
sections that follow, we discuss each one within the context of the results 
described herein. 

4.2.1. Grain boundary sliding 
GB sliding is one of the GB-mediated deformation mechanisms and is 

Fig. 14. Three-dimensional AFM image of the surface topographies from face-view of the un-deformed as-ECAP’ed Al sample (a), deformed as-ECAP’ed Al (c,e) and 
deformed as-annealed Al sample (g) with their corresponding profiles (b,d,f,h). 
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a well-established deformation process for CG materials deformed at 
elevated temperatures [95,96]. During GB sliding, individual grains of a 
polycrystalline material are displaced with respect to each other along 
their mutual boundaries as a consequence of an external stress. Without 
other accommodation mechanisms, GB sliding does not occur in a 
polycrystalline matrix, thus it follows that the sliding of individual 
grains must be accommodated either through the diffusional flow of 
vacancies as in diffusion creep [95,96] or through the intra-granular 
dislocation slip as in dislocation creep or superplasticity [96]. 

It has been reported that the GB sliding of NS and UFG materials 
could occur even at room temperatures [58–62,69–85] due to the 
following reasons. First, enhanced diffusion kinetics: it has been sug-
gested that diffusion can play an important role in the plastic defor-
mation of NS and UFG metals and alloys, even at room temperature. This 
is related to the increased volume fraction of GBs, which promotes GB 
diffusion processes due to enhanced diffusivity [65,66]. This may result 
in GB sliding at room temperature by atom shuffling and so-called 
athermal (‘stress-induced’) GB diffusion [80–83]. Second, NS and UFG 
materials possess reasonably high fractions of HAGBs and 
non-equilibrium GBs with many extrinsic dislocations lying in narrow 
regions adjacent to the GBs [23]. It is probable that these boundaries and 
the associated high dislocation densities provide easy diffusive paths for 
the local re-arrangements that are needed to form GB sliding. Thus the 
presence of these GBs will promote GB sliding provided the temperature 
is sufficiently high that diffusion-controlled processes can occur rapidly. 
Third, some in situ TEM observations and MD simulations also revealed 
stress-driven GB migration [80–83], which is an athermal activation 
process. This means GB sliding can occur even at very low temperature, 
and experiments observed GB sliding even at liquid nitrogen tempera-
ture [80]. 

4.2.2. Cooperative grain boundary sliding and micro shear bands 
Based on GB sliding, a theoretical model for the deformation of NS 

and UFG materials i.e., formation of mesoscopic glide planes, has been 
proposed by Hahn et al. [97]. For materials having grain size at the NS 
and UFG levels, it was argued that the volume of the GBs represents a 
significant fraction of the overall volume of the material and this pro-
vides an opportunity for the formation of long planar inter-faces, 
stretching over many grains, where localized displacements result in 
the development of macroscopic sliding over dimensions that are 
significantly larger than the individual grains. It is noted that only a 
minor perturbation of the blocking material through localized diffusion 
leads readily to a mesoscopic planar interface and to sliding over rela-
tively long distances. Moreover, by in situ SEM and TEM observations, 
Mukherjee et al. found a cooperative GB sliding of UFG materials at 
ambient and elevated temperatures, which usually controls the super-
plastic behavior of microcrystalline materials [61,62,84]. Both cooper-
ative GB sliding and mesocopic shear planes are microscopic sliding or 
shear bands involving a cooperative slide of a series of NS and UFG 
grains, which are verified by MD and modeling computer simulations 
[70,98] as well as experiments [58–61,99,100]. Shear bands or locali-
zations as a result of cooperative GB sliding or mesoscopic shear planes 
have been observed in NC Fe [100], Cu [99] and UFG Al [58,59] and Al 
6061 [60], Cu [61], Ni [62] as well as the present results. 

It should be noted that the micro shear bands for the UFG metal are 
different from those seen in CG materials [101,102]. In CG materials, 
micro shear bands form within a coarse grain, and their initial di-
mensions are significantly smaller than the (coarse) grain size. These 
micro shear bands grow by spreading into neighboring grains across GBs 
and eventually form macro shear bands. Such a relationship between the 
grain size and the dimensions of micro shear band does not apply to NS 
and UFG metals. Therefore, those shear bands in UFG metals whose 
width/grain size ratio fall in the range 1–10 are defined as micro shear 
bands. Note that this is distinct from macro shear bands which spread 
across the entire specimen cross-section, forming a fracture surface and 
resulting in failure. 

The present results indicate that the annealed UFG Al has much 
denser and finer micro shear bands compared with the as-ECAP- 
processed UFG Al. By comparing the microstructural change during 
annealing, one may hypothesize that the fine shear bands were pro-
moted by the PDWs formed sub-GBs. As discussed above, these dislo-
cation walls could promote GB sliding by dislocation related diffusion, 
climb, slip etc. In addition, Valiev et al. [22] observed similar GBs in the 
annealed UFG Ti and argued that these GBs with dislocations could 
result in GB sliding which further enhanced the ductility. 

5. Conclusions 

In summary, low-temperature annealing simultaneously enhanced 
the ultimate strength and ductility of the UFG AA1050 Al sample with no 
measureable reduction in yield strength. Comparison of the micro-
structural changes prior to and after annealing suggests that a low- 
energy dislocation configuration (geometrically necessary disloca-
tions), low statistically stored dislocation density and slight grain 
growth are beneficial to a higher ductility of the annealed UFG AA1050 
Al. It is also suggested that the reported absence of variations in yield 
strength with annealing are attributed to the presence of low-energy 
dislocation configuration and/or impurity segregation to grain bound-
aries. Results from studies of the fracture surface morphology indicate 
that the enhanced ductility of the annealed sample was related to the 
activation of numerous homogeneous micro shear bands, which is 
controlled by cooperative grain boundary sliding. On the basis of our 
results and analysis we propose that the dislocation walls formed during 
recovery promote the formation of micro shear bands/cooperative grain 
boundary sliding and thereby enhance the tensile ductility. 
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