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A B S T R A C T   

The trade-off relationship of strength and ductility of metals leads to a strength increase accompanied by a 
ductility decrease. In the past two decades, despite significant efforts to increase strength while minimizing the 
ductility loss by tailoring microstructures, it has been rare to achieve simultaneous enhancement in strength and 
ductility, i.e., to disrupt the trade-off relationship. Here via rotary swaging and subsequent annealing, we pre-
pared a macro dual-cable structured Cu–Al alloy rod with an inner micro-grain (MG) core (2.2 mm in diameter, 
54% volume fraction) wrapped in an outer ultrafine-grain (UFG) shell (a thickness of 0.4 mm). Tensile tests 
revealed that the inner core has a yield strength of 472 MPa and a ductility of 29.1%, while the wrapping of the 
outer shell simultaneously enhances the yield strength to 552 MPa and ductility to 31.9%, respectively. The 
analysis of strain during the stretching process shows that the shell has a strong restraining effect on the core. 
Microstructure characterization indicates that the core blocks the propagation of the shear bands of shell and 
maximizes its density. At the same time, the restriction of the shell increases the lattice defect accumulation and 
work hardening ability as well as ductility of the core. Our research not only provides a method for preparing 
macro dual-cable structured materials with industrial scale and clean interface, but also explores a new strategy 
for simultaneously enhancing strength and ductility of metals, which designs macro millimeter-scale structures 
instead of adjusting microstructure from the micrometer scale.   

1. Introduction 

Strength and ductility, as the two basic mechanical properties of 
structural materials, are often inherently trade-off with each other [1,2]. 
As shown in Fig. 1, strength and ductility exhibit an inverse relationship 
(dashed black curve), that is, as the strength slowly increases, the 
ductility loses rapidly. This law also applies to nanostructured materials 
that have been widely studied in the past forty years [3]. Numerous 
studies have shown that nanostructured materials have high strength 
but low ductility which can cause uncontrollable catastrophic fracture 
failures and safety accidents during service. 

To improve the poor ductility of nanostructured metals, many stra-
tegies including removing manufacturing artifacts [4,5], bi-/multi-mo-
dal grain size distributions [6], transformation-induced-plasticity (TRIP) 

and twinning-induced-plasticity (TWIP) effects [7,8], nanotwinned 
grains [9], nanoscale precipitates/dispersions in nanostructured 
metallic materials [10], nano-gradient structure [11], lamellar structure 
[12], heterogeneous lamellar structure [13], harmonic structure [14], 
etc. have been proposed in the last twenty years. As summarized in 
Fig. 1, the optimized heterogeneous lamellar Cu/Cu–Zn and Cu with 
bi-modal grain size distributions can exhibit a linear strength-ductility 
relationship with a negative slope (dashed blue and green lines). 
Nano-gradient structure also can further improve the strength-ductility 
relationship (dashed purple line), i.e., with a rapid increase in strength, 
the loss of ductility is slow. Nevertheless, almost all data points for face 
centered cubic (FCC) metals are located in the left half of Fig. 1, which 
means that the above strategies can only improve, but not break the 
strength-ductility inverse relationship. However, we were surprised to 
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find that some data points of hexagonal closely packed (HCP) Mg and Ti 
alloys, ran to the right half of Fig. 1, indicating increases in both strength 
and ductility and a subversion of the strength-ductility trade-off rela-
tionship, although their other data points also fell to the left half of 
Fig. 1. Further in-depth research revealed that, the strength increase, 
caused by the reduction of the grain size of Mg alloy and the local stress 
concentration of multi-modal Ti, activated the additional <c+a> etc. 
non-basal dislocation slip systems, thereby increasing the work hard-
ening rate and ductility. The <c+a> etc. non-basal dislocation slip 
systems of coarse-grained Mg or Ti are difficult to activate due to their 
high critical resolved shear stress (CRSS) that is one order of magnitude 
larger than basal slip system. This enlightens us that if we want to in-
crease strength and ductility simultaneously, we must initiate new extra 
slip systems to increase work hardening rate at the same time of 
strengthening. Now the question is can we achieve simultaneous in-
creases in strength and ductility for FCC metals which only have 12 
equivalent 111 slip systems? Different from the HCP metals with 
different CRSSes for <a>, <c> and <c+a> slip systems, the 12 equiv-
alent 111 slip systems in FCC metals has the same CRSS. Moreover, up to 
now, all strategies for improving strength-ductility trade-off relationship 
are achieved by adjusting the microstructure at the micrometer level, 
and can we improve the strength-ductility combination by designing 
macro millimeter-scale structures? 

To answer the above two questions, in this work, we prepared a 
macro dual-cable structured (DCS) Cu-15at.% Al alloy rod with low 
stacking fault energy (SFE) of ~6 mJ m− 2 [21] and with an inner 
micro-grain (MG) rod-shaped core (2.2 mm in diameter) wrapped in an 
outer ultrafine-grain (UFG) cylinder-shaped shell (1.8 mm in thickness) 
via rotary swaging (RS) and subsequent annealing. We found the DCS 
Cu–Al alloy has both higher strength and ductility than the individual 
MG core counterpart. Microstructure characterization indicates that the 
outer UFG shell increases the work hardening ability of the MG core, and 
the MG core blocks the propagation of the shear band (SB) of UFG shell. 
Our research verifies the possibility of simultaneously enhancing 
strength and ductility of FCC metals via designing macro 
millimeter-scale structures. 

2. Materials and methods 

2.1. Preparation process of DCS Cu–Al alloy 

The as-received Ø20 × 200 mm Cu-15 at. % Al rods were first ho-
mogenized at 1073 K for 2 h, the RS process was then performed at room 
temperature. The working principle was schematically represented in 
Fig. 2a. The forging hammers rotate at high speed around the Cu–Al rod 
driven by the main shafts, and simultaneously apply high-frequency 
small-strain forging to the rod, gradually refining and elongating the 
Cu–Al rod. Through multiple passes, a Ø5.7 × 2400 mm rod was finally 
prepared (Fig. 2b), corresponding to an equivalent strain (ε) of 2.5, 
designated as sample DCS1. The ε was calculated by the formula of ε = ln 
(A0/A), where A0 and A are the initial and final cross-sectional areas, 
respectively. Sample DCS1 was then annealed at 573 K for 1 h to obtain 
another type of DCS structure, designated as sample DCS2. In addition, 
due to the axial symmetry of the materials prepared by RS, observation 
planes (top view and side view) and directions (axial direction (AD) and 
radial direction (RD)) are defined, as shown in Fig. 2a. 

2.2. Mechanical property tests 

Vickers microhardness tests were performed using an HMV-G 21DT 
(Shimazdu, Japan) tester with a load of 1.96 N and a dwell time of 10 s in 
conventional samples. To obtain more accurate spatial resolution, a load 
of 0.49 N was selected for hardness testing on tensile specimens with 
different deformation. Ten indentations were tested to obtain reliable 
results. 

Uniaxial tensile tests and digital image correlation (DIC) tests were 
performed using a w + b LFM20KN universal testing machine (Walter +
Bai AG in Switzerland) and 3D optical measuring techniques (GOM 
Company in Germany) in quasi-static loading with a strain rate of 1 ×
10− 3 s− 1 at room temperature. As shown in Fig. 4 in section 3.1, the 
swaged DCS1 sample has a hard inner nano-grained (NG) core with a 
diameter of 2.2 mm and a relatively soft outer UFG shell with a thickness 
of 1.8 mm, and the annealed DCS2 sample possesses a relatively soft 
inner MG rod-shaped core (2.2 mm in diameter) wrapped in an almost 
unchanged relatively hard outer UFG shell with a thickness of 1.8 mm. 
Then we performed tensile tests on the individual cores and individual 
shells as well as DCS1 and DCS2 samples with different combinations of 
core and shell. The gauge length of all tensile specimens was parallel to 
the swaging direction, and according to the ASTM E8/E8M, the ratio of 
gauge length to diameter is 5 to make the tensile curves of different 
specimens with different diameter comparable. Specifically, the tensile 

Fig. 1. Literature data summary and comparative analysis of normalized yield 
strength versus normalized (ratio to coarse grain (CG)) total ductility of FCC 
cryo-rolled Ni [15], lamellar Cu/Cu-Zn [16], bi-modal Cu [17], gradient IF steel 
[18], HCP Ti [6], Mg-3Gd alloys [19], and Mg [20]. 

Fig. 2. (a) Schematic illustration of the RS technique and observation planes 
(top and side views) and directions (RD and AD) of the swaged rods. (b) Picture 
of the swaged Cu–Al samples with ε = 0 and ε = 2.5. 
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specimens for individual core or shell parts have gauge dimensions of 
Ø1.2 × 6 mm, as shown in Fig. 3a. For samples DCS1 and DCS2, the 
gauge dimensions were selected as Ø4 × 20 mm and Ø3 × 15 mm, 
corresponding to 30% and 54% volume fraction of the inner NG/MG 
cores (with a diameter of approximately 2.2 mm), respectively, the 
sampling position of the stretching sample gauge section was shown in 
Fig. 3b. The tensile strain was measured by using a standard non- 
contacting video extensometer. 

Due to the interface being wrapped inside the sample, in order to 
observe the behavior of the interface by DIC and quasi-in-situ electron 
backscatter diffraction (EBSD) during the deformation process, a 0.4 ×
4 × 8 mm plate-shaped tensile specimen was taken from the center of the 
circular rod, and the volume fraction of the inner core part in the total 
gauge is about 54%, the sampling position of the stretching sample 
gauge section was shown in Fig. 3c. The samples used in DIC were 
sprayed with white paint evenly first, and then sprayed with uniform 
black speckles through a 0.25 mm caliber spray gun. The size of a single 
speckle is about 25–75 μm, and an optical image covering 2048 × 1088 
pixel2 effective area with a spatial resolution of 5 μm/pixel was taken. 
The DIC data was then processed with ARAMIS software (GOM GmbH). 
Three tensile specimens were tested to obtain reliable results. 

2.3. Thermal analysis 

Thermal analysis was performed in a PerkinElmer (DSC8000) dif-
ferential scanning calorimeter (DSC). The weight of each sample is about 
30 mg. The polished samples were sealed in Al pans and heated in a 
flowing N2 atmosphere at a constant heating rate of 20 K/min; an 
additional empty Al pan was used as a reference. Three samples were 
tested in order to ensure reproducibility of results. 

2.4. Microstructural characterizations 

The X-ray diffraction (XRD) scanning on the samples was carried out 
by Bruker D8 Discover with Co Kα radiation. The scanning area is the 
circular area with a diameter of 1 mm, and the scanning Bragg angle 
range is 30–125◦. 

EBSD analysis was performed on a Zeiss Auriga focused ion beam/ 
scanning electron microscope equipped with a fully automatic Oxford 
Instruments Aztec 2.0 EBSD system. Samples used for EBSD were first 
sandpaper polished, then electropolished on a Buehler ElectroMet@4 
with 25% H3PO4 + 25% absolute alcohol +50% deionized water elec-
trolyte, a voltage of 8 V and polishing time of 30–60 s. Software Channel 
5 was used to process the EBSD data. Olympus BX41 M (Japan) was used 
for taking optical microscope photos, the samples were subjected to 
2–10 s of corrosion with 5 g FeCl3 + 15 ml HCl + 80 ml deionized water 
after electro polishing. 

The transmission electron microscope (TEM) observations were 
carried out on a FEI Tecnai 20 at a voltage of 200 kV, and high- 
resolution transmission electron microscopy (HRTEM) observations 
were carried out on a FEI Titan G2 at 300 kV with aberration corrected. 
Samples used for TEM first underwent machining and sanding to obtain 
50 μm thick discs, then twin-jet polished in an electrolyte of 25% H3PO4 
+25% absolute alcohol +50% deionized water at about 265 K. The re-
sidual surface phosphate was then removed with ion milling (Gatan 
695). 

A Thermo Fisher Scientific Spectra 300 microscope with double 
correctors was used for characterize the microstructure of NGs. Scanning 
precession electron diffraction (SPED) was performed using Nano-
MEGAS (Belgium) DigiSTAR P2010 precession and scan generator, the 
scan step is 5 nm. SPED data was then processed through NanoMEGAS 
ASTAR software. The sample preparation method for SPED is the same 
as that for TEM. 

3. Results 

3.1. Mechanical properties of DCS Cu–Al alloys 

Fig. 4a and b shows the top-view microhardness distributions of 
DCS1 and DCS2, respectively. One can see that the swaged DCS1 sample 
has a hard inner core with a maximum microhardness of 320 HV and a 
diameter of 2.2 mm, and a relatively soft outer shell with a micro-
hardness of 250 HV and a thickness of 1.8 mm. However, annealing 
caused a reverse dual-cable structures of DSC2, that is, a relatively soft 
inner core with a microhardness of 200 HV and a diameter of 2.2 mm, 
and an almost unchanged relatively hard shell with a microhardness of 
250 HV and a thickness of 1.8 mm. Moreover, the microhardness 
changes sharply at the core-shell interfaces of both DCS1 and DCS2, and 
both core and shell have macroscopic sizes of millimeters, this phe-
nomenon is also reflected in optical microscope photos in Fig. 4a and b, 
this is why we call “dual-cable structure” but gradient structure because 
the former seems to be able to more accurately describe the structural 
characteristics of our materials. It should be noted that our DCS is also 
different from heterogeneous lamellar structure from macroscopic 
geometric characteristics, the former is macro millimeter-scale rod- 
shaped core wrapped in the macro millimeter-scale cylinder-shaped 
shell, while the latter is the alternating arrangement of soft and hard 
layers with micrometer scale. 

Fig. 4c shows tensile curves of individual inner core and outer shell 
with homogeneous structure (HGS) as well as DCS Cu–Al alloy rods with 
30% and 54% volume fractions of inner core, respectively. The swaged 
inner core in DCS1 has the highest yield strength of 1016 MPa and ul-
timate tensile strength (UTS) of 1034 MPa, lowest total ductility of 4.8% 
and nearly null strain hardening capability (dashed green curve). The 

Fig. 3. The gauge sampling position and size for tensile testing on the top view. (a) Separate core and shell rod-shaped tensile samples with a gauge of 1.2 mm 
diameter. (b) DCS1 and DCS2 rod-shaped tensile samples with 54% and 30% core corresponding to gauge diameters of 3 mm and 4 mm, respectively. (c) Plate-shaped 
tensile samples with a 0.4 × 4 × 8 mm gauge dimension for DIC and quasi-in-situ EBSD during the deformation process. 
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values of yield strength, UTS, uniform elongation and elongation to 
fracture of the samples in this study were listed in Table 1. The swaged 
outer shell has much lower yield strength of 707 MPa and UTS of 777 
MPa, higher total ductility of 14.0% (dashed blue curve). The annealed 
inner core in DCS2 has the lowest yield strength of 472 MPa and UTS of 
633 MPa MPa, higher uniform elongation of 16.9% and total ductility of 
29.1%, respectively, as well as evident strain hardening capability (solid 
green curve). This is caused by the completely recrystallized MGs, as 
revealed in section 3.2. The annealed outer shell in DCS2 has nearly 
unchanged yield strength and UTS (solid blue curve) compared with that 
in DCS1, but slightly larger total ductility of 16% due to slightly lower 
dislocation density by annealing (revealed in section 3.2). 

For the four swaged and annealed DCS tensile specimens containing 
both the inner core and the outer shell, we name them as DCS1-30%, 

DCS1-54%, DCS2-30%, and DCS2-54% based on the volume fraction 
proportion of the inner core in the gauge part. In DCS1, both samples 
have modest yield strength (800 and 864 MPa for DCS1-30% and DCS1- 
54%, respectively), UTS (887 and 905 MPa for DCS1-30% and DCS1- 
54%, respectively) and uniform elongation (2.2 and 1.8% for DCS1-30% 
and DCS1-54%, respectively) as well as total ductility (9.0 and 5.2% for 
DCS1-30% and DCS1-54%, respectively) compared with the tensile 
curves of the swaged individual core and shell. Fig. 5 illustrates the 
quantitative variation relationship between yield strength, UTS, uniform 
elongation and total ductility versus volume fraction of inner core. 
Therefore, one can conclude that the strength and ductility of the 
swaged four samples of DCS1-core, DCS1-54%, DCS1-30% and DCS1- 
shell basically follow the linear rule-of-mixtures [33] and 
strength-ductility trade-off relationship. 

In DCS2, the DCS2-30% sample (solid red curve) has lower yield 
strength of 683 MPa and UTS of 765 MPa, and higher uniform elonga-
tion of 8.6% and total ductility of 22.3% compared with DSC2-shell, 
basically also complying with rule-of-mixtures and strength-ductility 
trade-off relationship when further comparing with the tensile curve 
of DSC2-core (Fig. 5). However, different from the varying trends of 
uniform elongation and ductility of DCS1-30%, DCS1-54% and DCS2- 
30%, the DCS2-54% sample (solid purple curve) has enhanced, but not 
reduced, total ductility of 31.9% and yield strength of 552 MPa as well 
as UTS of 700 MPa compared with the tensile curve of DCS2-core (solid 
green curve), that is, breaking the strength-ductility trade-off relation-
ship and simultaneously increasing strength and ductility (Fig. 5c and 
d). 

Fig. 4d represents the literature data summary and comparative 

Fig. 4. Mechanical properties of sample DCS1 and DCS2. (a,b) Microhardness distributions of DCS1 and DCS2, respectively, the backgrounds are optical microscope 
photos of the top view of DCS1 and DCS2, respectively. (c) Tensile curves of swaged and annealed individual cores and shells in DCS1 and DCS2 as well as DCS Cu–Al 
alloy rods with 30% and 54% volume fractions of inner core, respectively. Inset is the unstretched and stretched tensile specimens. (d) Literature data summary and 
comparative analysis of UTS versus elongation to fracture of Cu–Al alloys obtained by different deformation methods [21–32]. SMAT, SMGT, ECAP, HPT, DPD, QSC 
and HGS are surface mechanical attrition treatment, surface mechanical grinding treatment, equal channel angular pressing, high pressure torsion, dynamic plastic 
deformation, quasi static compression and homogeneous structure, respectively. 

Table 1 
Tensile properties of DCS1 and DCS2. σ0.2, σUTS, εu and εf are yield strength, 
ultimate tensile strength, uniform elongation and elongation to fracture, 
respectively.  

Samples  σ0.2 (MPa) σUTS (MPa) εu (%) εf (%) 

DCS1 Core 1016 1034 1.5 4.8 
Shell 707 777 3.1 14.0 
30%Core 800 887 2.2 9.0 
54%Core 864 905 1.8 5.2 

DSC2 Core 472 633 16.9 29.1 
Shell 691 778 3.6 16.0 
30%Core 683 765 8.6 22.3 
54%Core 552 700 16.5 31.9  

K. Zhou et al.                                                                                                                                                                                                                                    



Composites Part B 276 (2024) 111371

5

analysis of UTS versus elongation to fracture of Cu–Al alloys obtained by 
different deformation methods and subsequent annealing [21–32]. 
Through comparison with literature, it was found that DCS1 follows the 
banana curve pattern of performance, while DCS2 exhibit reverse ba-
nana curve, the performance extends towards high strength and high 
elongation, and supplemented the performance gaps between the 
deformed NGs and the annealed MGs. 

3.2. Microstructures of DCS Cu–Al alloys 

Fig. 6 shows the microstructures of the swaged sample DCS1, after RS 
deformation, the average grain size at the inner core is about 45 nm from 
top view, as shown in Fig. 6a–d. From side view, the grains are slightly 
elongated along the rod axis (Fig. 6b), and the content of deformation 
twin boundaries (TBs) (take allowable error of ±2◦), high-angle grain 
boundaries (HAGBs) and low angle grain boundaries (LAGBs) are 30%, 
25% and 45%, respectively (Fig. 6c). The outer shell of the rod contains 
dominant LAGBs (80%) and a certain number of SBs (Fig. 6e–h), the 
average size of sub-grains composed of LAGBs is about 0.3 μm (Fig. 6h). 
Side-view bright-field TEM images show that some elongated NGs in the 
inner core further contain a large number of nano-twins (Fig. 6i), and the 
SBs in the outer shell are composed of both UFGs and nano-twins 
(Fig. 6j). 

Sample DCS2 is formed by annealing sample DCS1 at 573 K for 1 h, 
both top- and side-view EBSD revealed the inner core of the DCS2 has 
been fully recrystallized, and the average grain size is about 2.6 μm, as 
shown in Fig. 7a–d. There are a lot of annealing TBs (74%) in the 
recrystallized grains. HAGBs and LAGBs are relatively few, only 
covering 11% and 15%, respectively (Fig. 7c). For the shell, despite 

undergoing the same annealing, the microstructures of the outer shell of 
DCS2 are similar to those of DCS1, which contain a large amount of 
LAGBs (80%) and SBs, the average sub-grain size is about 0.4 μm 
(Fig. 7e–h), Fig. 7i and j once again prove that the inner core recrys-
tallized grains of DCS2 contain a large number of annealing twins, while 
the outer shell has similar microstructures with the sample DCS1. In 
addition, the HRTEM image of annealing TB in the inset of Fig. 7i in-
dicates the coherent relationship. The geometric necessary dislocation 
density (ρGND) of two samples was quantified by EBSD and SPED data 
(Fig. 8), as listed in Table 2. The DCS1-core has the highest ρGND of 2.1 ×
1016 m− 2, and the annealed DCS2-core has the lowest ρGND of 4.2 × 1014 

m− 2. Both the outer shells of DCS1 and DCS2 have modest ρGND values 
among which the deformed shell has a larger ρGND of 2.0 × 1015 m− 2 

than the annealed shell (1.8 × 1015 m− 2). 

3.3. Deformation process of DCS Cu–Al alloys 

3.3.1. Coordinated deformation of core and shell by DIC 
In order to explore the deformation process of DCS materials, we 

carried out the DIC experiment for plate-shaped samples DSC2-54% and 
DCS1-54% to reveal their strain distributions during the tensile process, 
as shown in Fig. 9. For the convenience of the DIC experiment, the gauge 
size of the plate-shaped tensile specimen used for DIC is selected as 4 ×
0.4 × 8 mm, and the volume ratio of the core to the shell is the same as 
DCS1-54% and DCS2-54%. Due to the differences in geometric shapes of 
tensile specimens between plate and round rod, the elongation to frac-
ture of the plate specimens is slightly reduced compared to the rod 
specimens (Fig. 9e), however, the strength and uniform elongation are 
much less affected, suggesting the geometric shapes of tensile specimens 

Fig. 5. Quantitative relationship between yield strength (a), UTS (b), uniform elongation (c) and ductility (d) versus volume fraction of inner core of swaged DCS1 
and annealed DCS2 Cu–Al alloys. The strength and ductility of the swaged samples of DCS1-core, DCS1-54%, DCS1-30% and DCS1-shell as well as DCS2-core, DCS2- 
30% and DCS2-shell basically follow the linear rule-of-mixtures. Different from the varying trends of DCS1-30%, DCS1-54% and DCS2-30%, the DCS2-54% sample 
has enhanced, but not reduced, total ductility and yield strength as well as UTS compared with those of DCS2-core (100%). 
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has a greater impact on the post-necking elongation, local deformation 
after necking may accelerate in plate shaped specimens [34]. Therefore, 
analyzing the uniform deformation of the DCS samples by approxi-
mately using the plate tensile specimen is reasonable. 

Fig. 9a and b shows the two-dimensional DIC distribution of DCS1 
and DCS2 plate specimens, respectively, and Fig. 9c shows a schematic 
representation of optical measuring DIC techniques to measure the local 
strain field. Under the action of normal strain, the lattice is elongated in 
the tensile direction (εxx = (L− L0)/L0) and contracted in the cross- 
sectional direction (εyy = (B–B0)/B0). Under the action of shear strain, 
the lattice loses its orthogonal relationship, and the shear strain di-
rections corresponding to positive and negative shear strains are 
different. 

The one-dimensional average strain distribution curve along the 
gauge cross-section in the deformation region were shown in Fig. 9d. For 
the DCS1 sample, when the deformation is 0.7%, the distribution of εyy 
and εxy is relatively uniform. When the deformation reaches 1.2%, with 
the generation of macro-SBs passing through the specimen, there are 
about − 3% for εyy at the intersection of the macro-SBs, εxy with opposite 
directions appears on both sides of the point. This phenomenon is more 
obvious at 2.4%. At the same time, a small amount of positive shear 
strain εxy is generated at the soft/hard interfaces near the macro-SBs, 
indicating a weak deformation coordination between soft shell and 

hard core (Fig. 9a). The final fracture section is perpendicular to the 
tensile direction, and one of the shell sheets (lower part) still connected 
together, even if the core is already disconnected. 

For the DCS2 sample, slightly normal strain εyy difference between 
the core and shell can be observed at 5% deformation (Fig. 9b–d), this 
phenomenon is more obvious in 15% and after necking, specifically, the 
absolute value of εyy of the core is higher than that of the shell, and the 
value is highest near the center (with a horizontal coordinate value of 0 
mm), this indicates that the core is more inclined to be compressed in the 
y direction during deformation compared to the shell (Fig. 9d). For εxy, 
significant shear strains were generated on both sides of the core at the 
interface in 5%, and as the strain increases, the shear strain also in-
creases and extends towards the interior of the core (Fig. 9d). For the 
necking stage (22%), two macro-SBs passed through the sample, and 
intersected at the core-shell interface. Like DCS1, the intersection of 
macro-SBs breaks first due to the largest strains at the intersection. 

Fig. 9f is optical metallographic photo of the DCS2 tensile specimen 
surface when the tensile deformation strain is 15%. The inner core 
presents a dark color and high roughness, while the outer shells are 
bright and low roughness. Fig. 9g shows the enlarged area in the black 
dotted frame of Fig. 9f. The slip in the core results in cellular structure 
with a size similar to the grain size, while the outer shell has two types of 
high-density micro-SBs intersected with an angle of about 46◦ due to 

Fig. 6. Microstructures of sample DCS1. Top view (a,e) and side view (b,f) IPF + GB maps of the inner core (a,b) and outer shell (e,f). The inset in the bottom right 
corner shows the relationship between the three-dimensional coordinates of the detected plane and the sample, with the red area indicating the scanned area. The 
inset in the upper right corner of (a) is the legend of the line and area colors in the (a,b,e, and f). White, black, and gray lines representing 

∑
3 TBs (the allowable 

error range is ±2◦), HAGBs (>15◦), and LAGBs (2◦–15◦). GB misorientation distributions (c,g) and grain size distributions (d,h) of the inner core (c,d) and outer shell 
(g,h). (i,j) Side-view bright-field TEM images of the inner core and outer shell, the inset shows the SAED pattern from the circled area in (j). The red, green and blue 
arrows in (i) and (j) point to TBs, UFG grains, and LAGBs, respectively. The area between two dashed green lines in (j) is SB region. (For interpretation of the 
references to color in this figure legend, the reader is referred to the Web version of this article.) 
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preferred orientation (Fig. 9f and g). Obviously, the micro-SBs do not 
pass through the interface until 15% tensile strain. During this process, 
the soft and hard zones can undergo collaborative deformation, 
improving the elongation. In addition, even during the necking stage, 
the εyy and εxy differences between core and shell still increases, indi-
cating that the interaction between both is still enhanced, which may be 
an important reason why DCS2-54% has a higher total ductility 
compared to DCS2-core, despite having similar uniform elongation 
(Fig. 4c). 

3.3.2. Micro-shear bands of the UFG shell by EBSD 
It can be seen from the tensile curves that the uniform elongation of 

the shell is only 3.6%, while the sample DCS2-54% with a shell and core 
structure has a uniform elongation of about 16.5%. In order to explore 
how the shell uniformly deforms with the help of the core, quasi-in situ 
EBSD was used. As shown in Fig. 10, the core-shell interface of DCS2- 
54% is not a horizontal sharp line, but rather a convoluted interface due 
to the micro recrystallized grains neighboring with the non- 
recrystallized UFGs. After 5% tensile strain, there are more obvious 
micro-SBs in the hard shell (Fig. 10a2), and the Kernel average misori-
entation (KAM) in the MGs at the interface has significantly increased 
(Fig. 10c2), which corresponds to the increase of ρGND. When the strain 
is 13%, the number of micro-SBs in the hard-shell region is greatly 
increased (Fig. 10a3), the micro-SBs propagate and the core-shell 
interface moves about 10 μm towards the soft-core zone. However, the 

local strain in the hard zone without micro-SBs (Fig. 10c3) is slightly 
lower than that in the 5% strain, indicating that the formation and 
propagation of micro-SBs produced strain release in the hard zone. The 
KAM in the soft core is greatly increased at 13% (Fig. 10c3), almost 
catching up with the hard-shell zone. 

3.3.3. Strain hardening of the MG core by XRD and TEM 
According to the Figs. 4c and 11a, it can be seen that DCS2-core and 

DCS2-54% have similar uniform elongation and work hardening rate 
(θ), although the shell has extremely low strain hardening ability and 
almost contributes null to the strain hardening of DCS2-54%. This means 
the core in the DCS2-54% sample must have higher strain hardening rate 
than the individual core, which therefore can make up for the strain 
hardening loss of the UFG shell. Moreover, from Fig. 11a, the work 
hardening rate of the plate-shaped tensile sample of DCS-54% is slightly 
lower than the rod-shape one, because the UFG shell only wraps the MG 
core from side part for the plate sample, while the hard shell wraps the 
MG rod core from 360◦ without dead corners for the rod-shaped sample. 
For ease of expression, the rod and plate tensile specimens of DCS2-54% 
in this paper are named as specimens A and B, respectively, while the 
rod tensile specimen of DCS2-core was named as specimen C, the 
schematic diagrams of sample location and size were also shown in the 
insets in Fig. 11a. 

In order to investigate the source of high work hardening ability of 
sample DCS2-54%, hardness tests on tensile specimens under different 

Fig. 7. Microstructures of sample DCS2. Top view (a,e) and side view (b,f) IPF + GB maps of the inner core (a,b) and outer shell (e,f), the meaning of the insets is the 
same as in Fig. 6. GB misorientation distributions (c,g) and grain size distributions (d,h) of the inner core (c,d) and outer shell (g,h). (i,j) Bright-field TEM images of 
the inner core (i) and outer shell (j). The inset in (i) is HRTEM image of annealing TBs. The red, green, pink and blue arrows point to TBs, UFGs, HAGBs and LAGBs, 
respectively. The area between two dashed green lines in (j) is SB region. (For interpretation of the references to color in this figure legend, the reader is referred to 
the Web version of this article.) 
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tensile strains were conducted. The hardness distributions of sample B 
with four different strains (0%, 5%, 10%, and 15%) were shown in 
Fig. 11b, it was found that with the increase of deformation, the hard-
ness of the shell hardly changed, while the hardness of the core 
increased significantly, for 0%, 5%, 10%, and 15% deformation strain, 
the average hardness of the core was 195 HV, 210 HV, 216 HV, and 223 
HV, respectively. This phenomenon coincides with the tensile curve in 
Fig. 4c, i.e., the shell has a very small strain hardening capacity 
compared to the core. Subsequently, by comparing the specimens A, B, 
and C with 15% tensile strain with the unstretched samples, the hard-
ness of the core was 231 HV, 223 HV, and 219 HV in specimens A, B, and 
C, respectively. This means that, for the strain hardening during the 
same tensile deformation strain, the sample A (rod-shaped DCS-54%) is 
larger than sample B (plate-shaped DCS-54%), which is further larger 
than sample C (individual rod-shaped core) due to different constraining 
effects of the UFG shell. 

The increment in hardness from the undeformed sample to the 
deformed sample in Fig. 11b and c were defined as ΔH (Fig. 11d), 
different ΔH values represent varying degrees of strain hardening during 
the stretching process. From Fig. 11d, one can see there exists a ΔH peak 
at the core/shell interface, indicating a strong interaction and strain 

hardening at the interface. As the deformation increases, the hardness of 
the core gradually increases, and the ΔH peak at the interface region 
between hard shell and soft core decreases gradually, indicating a 
gradually weakened interaction at the interface. The average ΔH of the 
specimen C containing only the MG core at 15% strain is 24 HV, while 
the values of specimens A and B can reach 36 HV and 28 HV, respec-
tively, indicating that the hardness of the soft core is affected (enhanced) 
by the hard UFG shell as a whole, especially in rod-shaped specimen A. 

As for specimen B, by adding hard shells on two sides of the MG to 
design a simple sandwich structure material, although additional 
strengthening is provided due to the interaction between the two 
structures, its performance optimization is not as good as A, because its 
constraints are only reflected in the two-dimensional plane, indicates 
that the multi-directional stress state also plays an important role in the 
work hardening ability of the core. 

In order to quantitatively explore the microstructural differences in 
uniform deformation of DCS2 with and without shell constraints, XRD 
and TEM examinations were performed on the core of specimens A and C 
at 15% strain (Fig. 12). During the deformation process of CG sample, 
deformation twinning will occur when dislocations accumulate to a 
certain extent. XRD patterns (Fig. 12a) were conducted on the cores of 
the specimens A and C to estimate the TB density (β) and dislocation 
density (ρ). β interpreted as the probability of twins appearing in two 
(111) planes, and can be calculated by Ref. [35]: 

β=
Δ.C.G.

(
2θ

◦

111

)
− Δ.C.G.

(
2θ

◦

200

)

11 tan θ111 + 14.6 tan θ200
(1)  

Δ.C.G.
(
2θ

◦

hkl

)
=
(
2θ

◦

C.G. − 2θ
◦

max

)

hkl (2)  

where 2θ
◦

C.G. is the center of gravity of the peak, 2θ
◦

max is the angle cor-
responding to the maximum value of the diffraction peak. 

The dislocation density ρ was evaluated by the modified Williamson- 
Hall method, based on the XRD data, as follows [36]: 

Fig. 8. Geometrically necessary dislocation density distribution of DCS1-core (a), DCS2-core (b), DCS1-shell (c), and DCS2-shell (d). The upper right corner is the 
average value. 

Table 2 
The volume fractions of TBs, HAGBs and LAGBs, average grain size, average 
geometrically necessary dislocation ρGND at different positions of two types of 
DCS Cu–Al alloys.  

Sample Position TBs 
(%) 

HAGBs 
(%) 

LAGBs 
(%) 

Grain size 
(nm) 

ρGND 

(m− 2) 

DCS1 Core 25 30 45 45 2.1 ×
1016 

Shell 1 19 80 300 2.0 ×
1015 

DCS2 Core 74 11 15 2600 4.2 ×
1014 

Shell 1 19 80 400 1.8 ×
1015  
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ΔK − β′W =
0.9
L

+

(
πA2b2

2

)1
2

ρ1
2KC1

2 + O
(
K2C

)
(3)  

where ΔK = 2cosθ(Δd)/λ, K = 2sinθ/λ, Δd is the width at half maximum 
(FWHM) (after subtracting the instrumental broadening), λ is the inci-
dent ray wavelength, corresponding to the cobalt target whose value of 
0.1789 nm, β′ is a parameter related to stacking fault (SFs) and TB 
density. W is the faulting-induced peak broadening at different hkl re-
flections, for (111), (200), (220), (311), and (222), the values of W were 
0.433, 1, 0.707, 0.452, and 0.433, respectively. L is the average grain 
size, b is Burgers vector with a value of 0.256 nm in copper. A is a 
constant, in this work A is taken as 1 for all the specimens [37]. C is a 
contrast factor which depends on the elastic anisotropy of the material, 
it can be calculated by the following equation: 

C=Ch00
(
1 − qH2) (4)  

where H2 = (h2k2 + h2l2 + k2l2)/(h2 + k2 + l2)2 for a cubic crystal system 
and q is a constant, when the material is copper and the ratio of edge 
dislocation to screw dislocation is equal, take q = 2.01 and Ch00 = 0.304 
[38]. The parameters L, ρ, and β′ were then determined carefully to have 
the best linear fitting between ΔK and K, as shown in Fig. 12b. The 
estimated results show that A-core-15% > C-core-15% > C-core-0% in 
both values of ρ, and β (Fig. 12c), this trend agree with the hardness 
values of the specimens A and C before and after stretching. 

TEM and HRTEM further verify the above XRD results. As shown in 
Fig. 13, for the specimen A after 15% tensile deformation strain, high- 
density SFs and extremely fine nano-twins were observed within the 
grains. The annealing TBs in red region of Fig. 13b are no longer straight 
compared with those before stretching (Fig. 7i), and its HRTEM image 
shows that the TB exhibit a stepped shape, emitting SFs into the grains at 
kinks (Fig. 13b). The TBs of specimen C is relatively flat compared to A, 
HRTEM shows less SFs at the TBs, corresponding to fewer Shockley 
partial dislocation emissions (Fig. 13c and d). 

4. Discussion 

The above results indicate that the internal and external order of the 
soft and hard parts in the DCS Cu–Al alloy basically did not affect the 
strength which follows the rule-of-mixtures, however, seriously affect 
the ductility, and it seems that hard shell wrapped soft core can have 
higher ductility than the soft shell wrapped hard core. Moreover, the 
ductility is also closely related with the grain size/degree of softness and 
hardness/deformability of soft and hard parts. The combination of NG 
and UFG parts with low deformability seems not to be very good, 
although the NG shell wrapped UFG core still needs to be confirmed. The 
combination of NG/UFG and MG parts seems to be most beneficial to 
ductility, and it will be interesting to reveal the ductility of NG shell 
wrapped MG core. 

Fig. 9. DIC experimental results of DCS1 and DCS2 plate shaped specimen. (a,b) Distribution maps of normal strain (εyy) and shear strain (εxy) of DCS1 (a) and DCS2 
(b) under different tensile deformation. The interface between the inner core and outer shell was marked by dotted white lines. (c) Schematic diagram of the surface 
lattice under the action of normal strain (εxx and εyy) and shear strain (εxy) during the tensile process. (d) Quantitative εyy and εxy distribution along the cross-section 
direction of the DCS1 and DCS2 plate shaped specimens, respectively. Specifically, for the DCS1 sample, quantitative results were taken from the red dashed section 
line in (a), and for the DCS2 sample, the quantitative results were averaged from 15 equal spacing section lines within the red dashed box in (b). The black dashed 
line represents the position of the soft/hard interface. (e) Tensile curves of plate specimens of DCS1 and DCS2 in DIC tests, the insert is the size of the tensile 
specimen. (f) Optical metallographic micrograph of DCS2 tensile specimen surface under tensile deformation of 15%. (g) Enlarged view of the area marked by black 
dotted line in (e). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 
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4.1. Construction of DCS materials 

In this work, the DCS Cu–Al alloy with significant differences in 
microstructure and mechanical properties between the core and shell 
was prepared by plastic deformation through RS. In recent studies, RS is 
often used to carry out to achieve the purpose of strengthening the 
material [39–48]. In this study, the non-uniform distribution of strain in 
the radial direction during RS was mainly used to design and prepare the 
DCS Cu–Al alloy. 

Through finite element simulation for RS in Fig. 14a [49], the stress 
distributions can be divided into three regions based on the stress situ-
ation of the circular section of the rod, i.e., Region I: compressive stress 
in both radial and axial directions. Region II: tensile stress in radial di-
rection, most compressive stress with a small part of the tensile stress in 
axial direction, Region III: compressive stress in radial direction and 
tensile stress in axial direction. Moreover, the axial and radial 
compressive stresses in region I are similar, much higher than those in 
other regions, and it shows an approximate gradient distribution. In 
addition, sample DCS1 was obtained through multiple passes of RS 
deformation, and the gradual accumulation of strain resulted in a 
greater difference in the structure and properties between regions I and 
II, III. 

Under this deformation, there are significant differences in the 
microstructure of FCC alloys with different SFE. Materials with higher 
SFE mainly exhibit dislocation slip during RS deformation, this results in 
a pyramid shaped gradient distribution of dislocation density and 
hardness in region I, while relatively uniform in regions II and III. such 

as pure Cu [42]. However, due to the high grain refinement efficiency by 
twinning [50], the microstructure evolution of materials with low SFE is 
very sensitive to the processing conditions. 

In the initial deformation stage of CG Cu–Al alloy, the critical shear 
stress required to trigger partial Shockley dislocations is greater than 
that of full dislocations, resulting in deformation dominated by dislo-
cation slip. When the stress concentration caused by dislocation accu-
mulation reaches a certain level, deformation twinning occurs, full 
dislocation multiplication is expected to be inhibited while partial 
dislocation is activated [51]. According to the pole mechanism [52], the 
critical shear stress τT required to activate a twin source can be calcu-
lated by: 

nτT =
γ
b1

+
Gb1

l
(5)  

where n is the stress concentration factor, and its value varies with the 
SFE. In Cu–Al alloy, a good match is achieved between experiments and 
estimates when n = 1 [53]. γ is the SFE of the alloy, while b1 = a/ 

̅̅̅
6

√
is 

the Burgers vector of Shockley partial dislocations, a is the lattice con-
stant. G is the shear modulus, which is 44.5 GPa in Cu–Al alloy [54]. l is 
the length of the twin source. As the dislocation density increases, the 
dislocation length l′ will decrease, the relationship is l′ = 1/ ̅̅̅ρ√ . 
Assuming that l′ = l, critical twinning stress can be written as: 

nτT =
γ
b1

Gb1
̅̅̅ρ√

(6) 

On the other hand, according to the Taylor dislocation hardening 

Fig. 10. EBSD maps of the core-shell interface in DCS2 tensile tested to different tensile strains. IPF (a1-a3), GB (b1-b3) and KAM (c1-c3) maps at 0% (a1, b1, c1), 5% 
(a2, b2, c2), and 13% (a3, b3, c3) tensile strains. 
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model [55], the relationship between local shear stress and dislocation 
density is: 

τ =αGb
̅̅̅ρ√

(7)  

where b = a/
̅̅̅
2

√
is Burgers vector of full dislocations. α is the empirical 

material constant, taken as 0.5 in this study [56]. Therefore, combining 
Eqs. (5)–(7), one can obtain the critical local dislocation density ρn 

required for activating deformation twins [56]: 

ρn =
γ2

G2b2
1
⋅

1
(nαb − b1)

2 (8) 

Based on Eq. (8), the ρn in this study by deforming CG Cu–Al alloy is 
2.2*1015 m− 2, which is close to the ρGND (about 90% total number of 
dislocations in severely deformed metals [57]) of DCS1-shell (Fig. 8), 
structurally manifested as twins and refined UFG in the SBs, while 

Fig. 11. Analysis of work hardening ability of sample DCS2. (a) The curves of true stress (solid line)/work hardening rate (dashed line) versus true strain of sample 
DCS2. The red, blue, and black lines correspond to 54%-rod (A), 54%-plate (B), and Core-rod (C) samples with red, blue, and black dots indicating the yield strength 
and UTS points of the three specimens, respectively. The insets show the sampling diagrams of the three samples. (b) Hardness distribution of specimen B under 
different tensile strains. (c) Hardness distribution of specimen A, B and C without tension and under 15% tensile strain. (d) ΔH versus position near the soft/hard 
interface after varying tensile strains. (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 

Fig. 12. XRD analysis of DCS2-54% materials. (a) XRD patterns of the MG cores with (A) and without shell (C) of DCS2-54% Cu–Al alloys in 0% and 15% tensile 
strain. (b) Fitting plot for dislocation density estimation based on XRD curves. (c) Dislocation and TB density estimated by XRD curves. 
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non-SBs region is mainly composed of dislocation cells, meaning that the 
stress state of shell cannot rely on twinning to refine grain size. The ρGND 
of the core far exceeds the value of ρn, indicating that under the high 
stress state of triaxial compression, refinement is mainly achieved 
through twinning. When most of the grains in region I are refined to NC 
grains by twinning due to high stress and strain accumulation, the 
gradient phenomenon is less obvious than that of RS pure copper [42], 
in other words, the gradient region is limited to the boundary between 
region I and region II. Therefore, Cu–Al alloys with a typical DCS1 

structure were prepared. 
The huge structural difference results in a difference in thermal 

stability between the DCS1-core and the DCS1-shell. Fig. 14b shows the 
DSC curves of the core and shell of DCS1. The two curves each have two 
clear exothermic peaks, according to the temperature dependence of 
dislocation density and grain size of NC alloys, the two exothermic peaks 
are connected to recovery and recrystallization, respectively [58]. The 
first exothermic peak (dislocation recovery) of both curves appears at 
535 K, however, the second exothermic peaks (recrystallization) of the 

Fig. 13. Microstructural characterization of the deformed DCS-54% materials. (a) Typical TEM image of the MG core of specimen An under 15% tensile deformation 
strain. (b) Enlarged HRTEM image of red region in (a). (c) Typical TEM image of the individual MG core of specimen C under 15% tensile deformation strain. (d) 
Enlarged HRTEM image of red region in (c). (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 

Fig. 14. (a) Finite element simulation of the distributions of axial and radial direction (AD and RD) stresses on the diameter of the top view of the RS rod [49]. (b) 
DSC curves of DCS1-core and DCS1-shell. 
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core and shell appear at 600 K and 681 K, respectively. The strain energy 
of dislocations is related to the Burgers vector [59], and the recovery of 
dislocations does not require gestation period. This may be the reason 
why the recovery temperatures of the two samples with high dislocation 
density are the same. Unlike the recovery behavior, the temperature of 
recrystallization mainly depends on the stability of the GB structure. Due 
to the high GB excess energy in NC grains, the coarsening temperature of 
the NG grains in the core is lower than that of the shell containing a large 
amount of low-energy LAGBs. Moreover, the DSC exothermic enthalpies 
ΔH are different, for core, the ΔH of peak I and peak II are 10.4 J/g and 
3.3 J/g, respectively, while for shell, the ΔH of peak I and peak II are 5.7 
J/g and 1.0 J/g, respectively (see Table 3). Compared with the shell, the 
high ΔH value in the core represents higher dislocation density and GBs 
storage energy. Thus, we obtained the DCS2 sample by annealing. In 
addition, the in-situ generated DCS materials by this method have clean 
core-shell interface without any performance degradation caused by 
impurities at the interface in the composite material. 

4.2. Deformation mechanisms of the DCS2-54% 

4.2.1. The role of micro-shear bands of the shell 
Micro-SBs play an important role in the deformation of this structural 

material, micro-SBs are usually formed in the severely deformed matrix 
which lacks strain hardening ability due to high dislocation density to 
alleviate strain concentration in the material and prevent material 
fracture [60]. However, when the dislocation density exceeds a certain 
level, a sudden increase in the number of local micro-SBs during plastic 
deformation of the material can easily cause necking of the materials, 
greatly reducing the uniform elongation of the materials. In literature, 
the MG was introduced into UFG matrix to alleviate this problem. The 
micro-SBs can be obstructed by the MG domain accompanied by high 
local strain, or can pass through or bypass the MG domain, resulting in a 
significant strain release [61]. Through the reasonable structure design, 
researchers can make good use of the micro-SBs as double-edged sword 
to improve the material performance. Such as uniform distribution of 
heterostructures induce the dispersion of micro-SBs to improve ductility 
[61], and gradient structure delays the rapid propagation of micro-SBs 
on the cross-section [60]. 

In this work, there are significant differences in grain size and 
dislocation density on both sides of the interface in our DCS2-54% Cu–Al 
alloy, and the MGs does not exist in the form of domains, but a macro 
cylinder with a diameter of millimeters. Compared with the core-shell 
interfaces of domains, the grains in the MG core have stronger coordi-
nated deformation ability, which requires a great driving force for 
micro-SBs to pass through the interface. In other words, the micro-SBs in 
the UFG shell of DCS2-54% are completely pinned at the interface 
(Fig. 10), and the obvious shear strain at the interface of DCS2-54% 
indicates strong coordinated deformation between the core and shell, as 
shown in Fig. 9b. As the tensile strain increases, the range of the shear 
strain zone will gradually extend towards the core of the sample 
(Fig. 9d), which can alleviate the failure behavior caused by strain 
concentration and promoted strain delocalization [62], resulting in 
higher elongation than the rule-of-mixtures. 

On the contrary, the DCS1 material has a lower strain hardening 
ability, even though there are obvious structural and performance dif-
ferences between the core and shell. After yielding, the macro-SB rapidly 
led to necking in both core and shell (Fig. 9a), so DCS1 does not have the 

ability to block the SBs expansion at the interface, resulting in no evident 
increase in uniform elongation. 

4.2.2. The complex stress state of the MG core 
Fig. 15 provides a schematic comparison of the stress state and 

microstructure during the stretching process between DCS2-54% ma-
terial with hard shell and soft core (right), and pure individual MGs 
material (left). The grains of pure MGs material are only subjected to 
uniaxial tensile stress during the stretching process, which is consistent 
with the stretching process of traditional homogeneous materials. While 
the MG core of DCS2-54% material was not only subjected to uniaxial 
tensile stress, but also constrained by the shell, which is reflected in the 
shear force inclined to the interface (purple arrows). This shear force can 
be further decomposed into compressive stress pointing perpendicularly 
to the axis (blue arrows). The complex stress state can activate more 
twinning and dislocation slipping and further increases their densities. 
Compared to the uniaxial stretching of the individual MG core, the 
hardness of the MG core in the sample DCS-54% after stretching 
increased by 12 HV (Fig. 11d). 

4.2.3. Ductility increase by the extra strain hardening of the MG core 
In the true stress-strain curve obtained at a constant strain rate, it is 

usually determined by the Considere criterion [63]: 

dσt

dεt
≥ σt (9)  

where σt, εt, and (dσt)/(dεt) were the true stress, true strain, and work 
hardening rate θ, respectively. In the elastic deformation stage, with the 
rapid increase of σt, (dσt)/(dεt) decreases rapidly. When plastic defor-
mation is initiated, the changes of both are relatively gentle. As the 
tensile elongation increases, necking begins when the true stress-true 

Table 3 
DSC exothermic peak temperatures (T) and exothermic enthalpies (ΔH) of the 
core and the shell of RS Cu–Al alloy with ε = 2.5.  

Samples Peak I Peak II 

T (K) ΔH (J/g) T (K) ΔH (J/g) 

Core 535 10.4 600 3.3 
Shell 535 5.7 681 1.0  

Fig. 15. Schematic diagram of force analysis on homogeneous MGs (left) and 
constrained MGs (right) by the hard UFG shell during stretching process. The 
pink lines, green ‘⊥’ symbols in the core, and black lines in the shell represent 
TBs, dislocations, and SBs, respectively. F represents the axial tensile stress, and 
the SBs of the shell produces an inclined stress on the MG core which further 
separates into a compressive and a shear stress at the interface. (For interpre-
tation of the references to color in this figure legend, the reader is referred to 
the Web version of this article.) 
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strain curve and work hardening rate-true strain curve contact at the 
same εt, as shown in the schematic diagram of Fig. 16. For the MG 
samples with low dislocation density, due to their low yield strength and 
high work hardening ability, the two curves can intersect after a longer 
tensile deformation (black solid and dashed lines). For the UFG samples 
that have undergone severe plastic deformation, their high yield 
strength and low work hardening ability result in only a small amount of 
deformation strain with the two curves intersecting (blue solid and 
dotted lines). 

The black dotted lines in the Fig. 16 indicate the banana curve of 
uniform elongation followed by the rule-of-mixtures. In this case, there 
is no interaction or coordinated deformation between the hard shell and 
soft core. Therefore, after mixing, the work hardening rate is lower than 
that of the individual MGs core due to the influence of the rule-of- 
mixtures, which causes the two curves of stress-strain and θ-strain to 
meet prematurely, and a much lower uniform elongation than that of the 
MG samples. To increase the uniform elongation of the DCS sample, 
additional strain hardening needs to be provided. As shown in Fig. 1, 
some materials with HCP structure can significantly increase the uni-
form elongation through activating <c+a> dislocations. For the FCC 
structured materials in this study, a significant increase in elongation to 
failure was successfully achieved by designing materials with dual-cable 
structure. The constraining effect from the shell to the core leads to 
higher dislocation and twin densities as well as work hardening ability 
in the core, thereby the overall ductility of the DCS-54% sample was 
improved. 

5. Conclusions 

In this work, based on the non-uniform distribution of deformation 
strain in the radial direction during rotary swaging and subsequent 
annealing, we designed two different types of macro DCS Cu–Al alloy 
rods. One has hard inner NG core (a grain size of 45 nm) and soft outer 
UFG shell (a sub-grain size of 300 nm), another has soft inner MG core (a 
grain size of 2.6 μm) and hard outer UFG shell. The inner NG/MG core 
has a diameter of 2.2 mm and the outer UFG shells have thicknesses of 

0.4 and 0.9 mm, respectively. Systematic investigations were then per-
formed including tensile tests, microstructural characterizations and 
deformation mechanism revealing. The main conclusions are as follows:  

(1) Both strength and ductility of the swaged DCS1-core, DCS1-30%, 
DCS1-54%, DCS1-shell follow linear rule-of mixtures.  

(2) The strength of the annealed DCS2-core, DCS2-30%, DCS2-54%, 
DCS2-shell follows linear rule-of mixtures, while ductility of 
DCS2-54% deviate evidently from linear rule-of mixtures, 
exhibiting excellent strength and elongation combinations and 
disrupting the strength-ductility trade-off relationship. By opti-
mizing the stress state of the core during the stretching process, 
the original total ductility of 29.1% is increased to 31.9%.  

(3) Both NGs core and UFG shell in the DCS1 sample lack work 
hardening ability, which causes that their mixture does not have 
strong interaction under tensile deformation, therefore, their 
elongation to failure follows the rule-of-mixtures.  

(4) The MG core of the DCS2-54% sample blocks the propagation of 
the SBs of the UFG shell and maximizes its density. The UFG shell 
of DCS2-54% has a significant constraint effect on the MGs core, 
which greatly improved the ability to accumulate dislocations 
and nano-twins of the MG soft core, and improved the overall 
ductility. 
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[38] Ungár T, Dragomir I, Á Révész, Borbély A. The contrast factors of dislocations in 
cubic crystals: the dislocation model of strain anisotropy in practice. J Appl 
Crystallogr 1999;32(5):992–1002. 

[39] Wan YC, Tang B, Gao YH, Tang LL, Sha G, Zhang B, et al. Bulk nanocrystalline 
high-strength magnesium alloys prepared via rotary swaging. Acta Mater 2020; 
200:274–86. 

[40] Yang Y, Chen X, Nie JF, Wei K, Mao QZ, Lu FH, et al. Achieving ultra-strong 
Magnesium–lithium alloys by low-strain rotary swaging. Mater Res Lett 2021;9(6): 
255–62. 

[41] Chen X, Liu CM, Wan YC, Jiang SN, Chen ZY, Zhao YH. Grain refinement 
mechanisms in gradient nanostructured AZ31B Mg alloy prepared via rotary 
swaging. Metall Mater Trans A 2021;52(9):4053–65. 

[42] Mao QZ, Zhang YS, Guo YZ, Zhao YH. Enhanced electrical conductivity and 
mechanical properties in thermally stable fine-grained copper wire. Commun 
Mater 2021;2(1):1–9. 

[43] Mao QZ, Wang L, Nie JF, Zhao YH. Enhancing strength and electrical conductivity 
of Cu–Cr composite wire by two-stage rotary swaging and aging treatments. 
Compos Part B-Eng 2022;231:109567. 

[44] Mao QZ, Zhang YS, Liu JZ, Zhao YH. Breaking material property trade-offs via 
macrodesign of microstructure. Nano Lett 2021;21(7):3191–7. 

[45] Lu FH, Nie JF, Ma X, Li YS, Jiang ZW, Zhang Y, et al. Simultaneously improving the 
tensile strength and ductility of the AlNp/Al composites by the particle’s 
hierarchical structure with bimodal distribution and nano-network. Mater Sci Eng 
2020;770:138519. 

[46] Yang Y, Nie JF, Mao QZ, Zhao YH. Improving the combination of electrical 
conductivity and tensile strength of Al 1070 by rotary swaging deformation. 
Results Phys 2019;13:102236. 

[47] Nie JF, Lu FH, Huang ZW, Ma X, Zhou H, Chen C, et al. Improving the high- 
temperature ductility of Al composites by tailoring the nanoparticle network. 
Materialia 2020;9:100523. 

[48] Meng A, Chen X, Nie JF, Gu L, Mao QZ, Zhao YH. Microstructure evolution and 
mechanical properties of commercial pure titanium subjected to rotary swaging. 
J Alloys Compd 2021;859:158222. 
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