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Abstract 

Nanocrystalline A1 processed by cryogenic ball-milling and nanocrystalline Cu processed 
by high-pressure torsion at a very low strain rate and at room temperature were investigated 
using high-resolution transmission electron microscopy. For nanocrystalline Al, we observed 
partial dislocation emission from grain boundaries, which consequently resulted in deformation 
stacking faults and twinning. We .also observed deformation twins fonned via two other 
mechanisms recently predicted by molecular dynamic simulations. These results are surprising 
because (1) partial dislocation emission from grain boundaries has not been experimentally 
observed although it has been predicted by simulations and (2) deformation stacking faults and 
twinning have not been reported in AI due to its high stacking fault energy. For nanocrystalline 
Cu, we found that twinning becomes a major deformation mechanism, which contrasts with the 
literature reports that deformation twinning in coarse-grained Cu occurs only under high strain 
rate and/or low temperature conditions and that reducing grain sizes suppresses deformation 
twinning. The investigation of the twinning morphology suggests that twins and stacking faults 
in nanocrystalline Cu were formed through partial dislocation emissions from grain boundaries. 
This mechanism differs from the pole mechanism operating in coarse-grained Cu. 

Keywords: nanocrystalline, Aluminum, copper, deformation mechanisms, twinning, stacking 
faults. 

Introduction 

Nanocrystalline materials have been reported to have superior mechanical properties such 
as high strength, which can coexist with very good ductility [l-31. These superior mechanical 
properties are attributed to their unique deformation mechanisms, which are fundamentally 
different from those in their coarse-grained (CG) counterparts [4-81. Some deformation 
mechanisms, e.g., partial dislocation emission from grain boundaries (GBs) or free surfaces, 
heterogeneous twinning nucleated from GBs, and twin lamellae formed via the dissociation and 
migration of GBs, have been predicted to operate in nanocrystalline (nc) face-centered-cubic 
(fcc) metals by molecular-dynamics simulations. Our recent experimental results [9- 121 have 
confirmed many deformation mechanisms predicted by molecular dynamic simulations for nc 
fcc metals. In this paper, we review the results on our recent high-resolution transmission 
electron microscopy (HREM) investigation of the deformation mechanisms in nanocrystalline 
A1 and Cu. 



Experimental Procedures 

A1 sample: A1 powder with a purity of - 99.9 wt% (Valimet) was ball milled in liquid 
nitrogen. The starting powder consists of equiaxed particles with diameters of 0.5 to 1 p. The 
ball-milling was performed in a modified Union Process l-S attritor (Szegvari) with a stainless 
steel vial and stainless steel balls (6.4mm in diameter) as milling media. Detailed description on 
the ball-milling process can be found in ref. 9. The iron content did not show measurable 
increase after the ball milling, indicating little contamination fiom the milling media. However, 
there could be contamination from C, N, H and 0. 

Cu sample: A 99.99 wt.% pure CG Cu disk with a thickness of 0.5 mm and a diameter of 
10 mm was processed into nc Cu via high-pressure torsion (HPT) [ 131 for 5 revolutions under 7 
GPa at room temperature and a very low strain rate of about lo-' s-'. HPT produces 100% dense 
nc materials without introducing any impurity into deformed samples. 

The ball-milled A1 powder was pressed to form a small pellet and then mechanically 
ground and ion-milled. The Cu disk was first cut into a size smaller than 3 mm in diameter and 
then mechanically ground to a thickness of about 10 pn followed by subsequent ion-milling. 
HREM investigation was carried out using a JEOL 3000F microscope operated at 300 kV. 

Results and Discussion 

(1) Ball-milled A1 powder 

The as-milled A1 powder contains both elongated and equiaxed grains. The diameters of 
most equiaxed grains and the widths of most elongated grains are smaller than 100 nm. Figure 1 
shows HREM images of (a) stacking faults (SFs) (marked by arrows), (b) the atomic level 
image of a typical SF, and (c) a deformation twin in nc Al. On (1 1 1) slip planes that have a path 
length for dislocation motion of -50 nm SFs are observed (Fig. la). The SF density is 6 ~ 1 0 ' ~  
ni2. In contrast, on (1 1 r) planes with a path length of -150 nm, only full dislocations at a high- 
density of 3 ~ 1 0 ' ~  me2 are observed. The SFs are formed by the grain boundary emission of 
leading and trailing Shockley partials, which is consistent with the molecular dynamics 
simulation [14]. In addition, the partial dislocation emission depends on the dislocation path 
length on the slip planes on which they glide. This result suggests a transition from full 
dislocation slip to partial dislocation slip with decreasing grain size. The SF width (Fig. 1 b) was 
likely affected by both resolved nucleation stress [15] and the diffusion of impurities to the SF 
after ball-milling. Figure IC  shows a deformation twin with a thickness of two atomic planes. 
Such twins are formed by the dynamic overlapping of two extended partial dislocations with 
SFs on adjacent slip planes [14]. As shown, the two SFs are only partially overlapped. This 
twinning mechanism is different from the well-known pole mechanism. 

Figure 2 shows (a) a TEM image of a twin at the right corner of a grain with the twin 
boundary marked by two white arrows, and (b) a H E M  image of the twin. The twin was likely 
formed by the heterogeneous mechanism proposed by Yamakov et a1 [14]. Specifically, the 
twin was likely nucleated at the right corner of the grain and grew larger via the emission of 
Shockley partial dislocations from the GB. As shown, the whole right corner on the right of the 
twin boundary has been transformed into a twin. It is not clear if the first partial dislocation was 
emitted at the very bottom of the corner, but further growth of the twin shown in Fig. 2 can only 



Figure 1.  (a) SFs on (1 1 1) planes, which are marked by black mows. Only full dislocations were 
observed on (1  1 i) planes, which have a much longer path length than the (1 11) planes; (b) atomic level 
image of a typical SF; and (c) a deformation twin formed by the overlapping of two extended 
dislocations on adjacent slip planes. 

occur by partial dislocation emission at a plane above and adjacent to the twin boundary, which 
moves the twin boundary upward MD simulations indicate that at very line grain sizes (e.g. <8 
nm), GB sliding and GB diffusion are the primary deformation mechanisms [4,16,17]. At larger 
grain sizes (e.g. 8 4 5  nm), partial dislocations emitted from GBs contribute significantly to the 
deformation [6-7, 14-15]. The MD simulations usually predict very high critical shear stresses 
of a few GPa for partial dislocations to emit from GBs, because of very high strain rates used in 
MD simulations. However, a recent analytical model [18] predicted much lower critical shear 
stresses of a few hundred MPa at lower strain rates that are closer to the experimental 
conditions of ball milling. Below 15 nm the model [18] indicates that partial dislocations are 
emitted at a stress lower than the stress needed for emitting full dislocations. Therefore, partial 
dislocation emission from GBs is a viable deformation mechanism under the ball-milling 
conditions in this study. 

Note that the twin in Fig. 2 is located at a small corner of a much larger grain of several 
tens nanometers. According to the MD simulations [4,14,17], it would be very difficult for this 
grain to slide against another grain because of its large size, and partial dislocation emission 
from GBs is a major deformation mechanism. On the other hand, the twin boundary has a 
length of 14 nm, which is also the length of the slip plane. The slip plane length determines 
whether a partial or full dislocation is emitted from the GB. As the lengths of all slip planes 
below the twin boundary in Fig. 2b are shorter than 14 nm, the partial dislocation emission from 
GBs was the primary deformation mode. Therefore, it is logical to conclude that the twin in 
Fig. 2 was formed by the successive emission of partial Shockley dislocations from GBs on 
adjacent slip planes. 



Figure 2. (a) A deformation twin at the right comer of a large grain with the twin boundaries marked 
by two white arrows, and (b) a HREM image of the twin. 

Figure 3a shows another type of twin. The insert in Fig. 3a shows the Fourier 
transformation of a region that encompasses areas A and B. It demonstrates that the two areas 
form a crystallographic twinning relationship with (1 r I )  as the twinning plane. However, the 
boundary between area A and area B is wavy instead of the usual straight twinning plane 
characteristic of conventional twins. In fact, sharp, straight boundaries are the features that are 
often used to identify twins in a low magnification TEM micrograph or optical photograph. 
Figure 3b is an atomic scale image of the twinning boundary enlarged from the white frame in 
Fig. 3a. It indicates that areas A and B indeed form a twin relationship. Some segments of the 
boundary are straight, coherent (1 7 1) twin boundaries as indicated by white arrows. These 
segments, which are connected by non-crystallographic segments, form a zigzag boundary 
between the two twinning areas. Examination of the local twinning morphology in Fig. 3b 
reveals that the twin strikingly resembles a type of twin observed in the MD simulation [14]. 
This type of twins is formed by an entirely different mechanism, which involves the splitting 
and subsequent migration of a GB segment, leaving behind two coherent twin boundaries. This 
mechanism was first proposed by Ashby and Harper [19] in 1967 and was subsequently 
discussed by Gleiter [20]. It appears that the twin shown in Fig. 3 was formed by this 
mechanism. More specifically, a GB segment was dissociated into a twin boundary and a new 
GB [ 141. A twin lamella was formed via the migration of the new GB. The boundaries of twin 
lamellae formed at different time frames joined together to form the zigzag boundary between 
areas A and B. The non-crystallographic segments observed here were actually the new GBs i n  
this mechanism. Readers are referred to the work by Yamakov et al [I41 for more detailed 
description on the twinning mechanism. 



Figure 3. (a) Areas A and B form a twinning relationship with a wavy boundary between them. The 
insert shows Fourier transformation of a region that encompasses areas A and B. which indicatcs a 
( lT1) twinning plane; b) HRTEM image of a twin boundary segment from the white frame in (a). I t  
consists of short, straight, coherent (1 T 1 )  twinning planes (marked by arrows) connected by incohcrcnt, 
non-crystallographic segments. 

Deformation twinning and stacking faults have never been reported in CG AI due to the 
very high stacking fault energy of Al. Therefore, the above observation are surprising a d  it 
demonstrate that when the size scale is reduced down to the nano range, nature will facilitate 
deformation via mechanisms that are not accessible at conventional length scale. 

(2) HPT Cu disk 

Investigation in the HPT Cu sample suggests that the deformation of the Cu disk is not 
uniform with the disk center being least deformed and the disk edge having the finest grain 
sizes. In some place of the Cu disk, part of a sub-micron-sized grain has been transfonned into 
nc grains while the other part remains a large grain. A typical example is shown in a < 1  10> 
HREM image in Fig. 4a. It is interesting to note that, while there is no twin in the part that 
remains a large grain (see the right part in Fig. 4a), microtwins and stacking faults are seen 
everywhere in the nanocrystalline area in Fig. 4a. To see the microtwin HREM image more 
clearly, an area indicated by a black rectangle in Fig. 4a is enlarged and shown in Fig. 4b. It is 
seen that the whole area is in an exact 4 IO> zone-axis although the area has been divided into 
a few nanocrystalline grains. Grain boundaries in Fig. 4b are highlighted using black stars. The 
{ 11  1 } planes that form the twin relationship in the middle nanocrystalline grain are indicated 
using black lines. The twin widths and mirror plane positions between the middle and the upper 
grains are different while there is no twin in the lower grain in Fig. 4b, implying the twins were 
fomied after the formation of those nanocrystalline grains, which is consistent with the fact that 
no twin is seen in large grains in the sample. 



Figure 4. (a) A < I  IO> HREM image of a grain in which the left part of the grain has been 
transferred into elongated nanocrystalline grains while the right part still remains a sub-micron-sized 
grain; (b) a magnified image of the part indicated by a black-rectangle in (a). 

The experimental observation of the deformation twinning in nc Cu contradicts the 
literature reports: (1) it has been suggested that both the critical slip stress and twinning stress 
follow the Hall-Petch relationship, with the Hall-Petch slope for twinning ( kT) significantly 
larger than that for slip (ks) for many CG metals and alloys [21]. For Cu the kT is about 0.7 
MN/m3” while ks is about 0.35 MN/m3’2 [22]. Consequently, dislocation slip rather than 
deformation twinning is expected to become the preferred deformation mode when the grain is 
smaller than a certain size. Indeed, Meyers et al. [23] reported that shock compression at 35 
GPa poduced abundant deformation twins in Cu samples with grain sizes of 1 17 and 3 15 pm 
but virtually no twinning in a Cu sample with a grain size of 9 pm; and (2) CG Cu does not 
deform by twinning [24,25] except at very high strain rate [26,27] andor low temperature [28]. 

The contradiction between our experimental observation and the literature reports may 
imply that the twinning mechanism in nc Cu is different from that in CG Cu. Indeed, we found 
the twinning in nc Cu occurs through partial dislocation emission from GBs. Figure 5a shows a 
typical twinning morphology in an elongated grain observed from [Oll]. Most of the twin 
planes are (1 17) (indicated by white arrows) and one twin plane is ( l i  1) (indicated by a black 
arrow). High density of micro-twins and stacking faults are seen in areas marked A, B, and C, 
respectively. The area B, where the narrowest (117) planes are less than 10 nm in width, is 
magnified in Fig. 5b. There is only one twin boundary at the right part of Fig. 5b that divides 
twin domains I and 11. However, there are high densities of micro-twins and stacking faults. 
which can also be regarded as micro-twins with the thickness of only one atomic layer, at the 
left part of 11. These micro-twins and stacking faults do not pass across the whole ga in  but stop 
in the grain interior with Shockley partial dislocations located at the front boundaries of the 
micro-twins and stacking faults. It is obvious that these twins were heterogeneously nucleated 



at a grain boundary and grew into the grain interior via partial dislocation emissions from the 
GB. 

Figure 5. (a) A typical [Oil] HRTEM image of an elongated crystallite with width varying from 
smaller than 10 nm to about 20 nm. Twins are seen in this crystallite with most of the twin planes being 
(1 17) (indicated by white arrows) and one being (1 1 1) (indicated by a black arrow). Micro-twins and 
stacking faults are seen in areas marked A, B, and C, respectively; (b) an enlarged image of area B in (a) .  
The right part of the image shows only two twin domains: I and 11, while the left part of I I  have a lot of 
micro-twins and stacking faults with one end of the micro-twindstacking faults stops within the 
crystallite. 

- 

The above experimental observations demonstrate that Cu can deform by twinning at a 
very low strain rate and room temperature if its grain size is in the nanometer range. The grain 
size effect on deformation twinning in CG Cu, Le. smaller grains are less likely to twin, does 
not apply to nc Cu. Our results suggest that the deformation twining in nc Cu is due to the grain 
size effect, i.e. caused by the unique deformation mechanism in nc Cu. In CG Cu, deformation 
twinning is generally believed to occur via the pole mechanism and lequires higher resolved 
shear stresses that can only be reached under high strain rate andor low temperature conditions. 
In contrast, in nc Cu deformation twins form via partial dislocation emission from grain 
boundaries instead of the pole mechanism. Therefore, the Hall-Petch relationship for twinning 
does not apply to the nc Cu. More specifically, in nc Cu the conventional dislocation source 
(e.g. the Frank-Reed source) in the grain interior may no longer operate and even no longer 
exist. As a consequence, dislocations need to be emitted from the grain boundaries. Smaller 
grains make it easier to emit partial dislocations than to emit perfect dislocations from grain 
boundaries [6]. This makes partial dislocation emission from grain boundaries a major 
deformation mechanism when the grain size is below a certain critical value, and explains the 
pervasive deformation twins observed in this study. 

Conclusion 

Nanocrystalline A1 and Cu have been found to deform via mechanisms that are not 
accessible at conventional length scale. In particular, twinning via partial dislocation emissions 
from GBs becomes a major deformation mechanism in nc A1 and Cu. The unique deformation 



mechanisms in nc metals will definitely affect the mechanical behavior of the nc metals. 
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